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The goal of this thesis was to study how to further increase the ultimate tensile strength 
(UTS) of dual-phase (DP) steels, while not severely sacrificing global ductility (total elongation 
(TE)) and local ductility (hole expansion ratio (HER)). Candidate steels with 0.15 wt.% C, 
0.04/0.4/0.8 wt.% Al and 0.06/0.12 wt.% V were designed and melted. The pre-annealing 
conditions studied included two coiling temperatures of 580°C and 677°C and one cold reduction 
of 60%. Two annealing continuous galvanizing line (CGL) simulations (the conventional standard 
galvanizing (GI) treatment and a new process called the supercooling process (SC)) were selected 
for this study. The results indicated that the highest UTS of 1181.4 MPa can be obtained for the 
steel condition of 0.04 wt.% Al, 0.12 wt.% V, a low coiling temperature of 580ºC and the GI anneal 
with the microstructures characterized by a large amount of fresh martensite, and fine-grained 
ferrite which itself is strengthened by fine vanadium carbides precipitates. 
Three methods, based on electron backscattered diffraction (EBSD) technologies, i.e., the 
sub-grain, image quality and kernel average misorientation techniques, were used to evaluate the 
stored energy for DP steels with different pre-annealing conditions. The results indicated that the 
steels with the combination of low coiling temperature and cold reduction had the highest stored 
energy, providing more initial driving force for ferrite recrystallization and austenite formation 
during the subsequent intercritical annealing. 
Finally, with the purpose of better understanding improvements in the hole expansion 
performances of high-strength DP steels, HER values of different steel conditions were determined, 
 v 
and the defects formed during hole punching and their growth during hole expansion were 
examined. The results implied that coiling temperatures and CGL simulations played a significant 
role in influencing HER values. Also, micro-voids or micro-cracks were introduced in the initial 
hole inner surfaces and sheared edges during hole punching. Punching-induced pre-strains were 
not uniform, since they varied with the distanced from the sheared edges. These damages caused 
by hole punching later strongly influenced performance during hole expansion. Microstructures 
beneficial to HER retard the growth of the defects accompanying hole punching, leading to high 
values of HER.  
 vi 
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Advanced high-strength steels (AHSSs) have gained rapidly growing attention in the 
automotive industry, since they are the optimum choice of manufacturing vehicle body structures 
[1,2]. AHSSs share a good combination of ultra-high strength and superior formability/ ductility, 
favoring passenger safety, mass reduction and greenhouse gas emissions reduction. For example, 
in the case of weight-saving, the application of AHSSs, with much higher strength, allows for 
reduced gage components to replace the earlier versions made from lower strength carbon or 
conventional high-strength low alloy (HSLA) steels, while maintaining the same or improved 
mechanical properties [3]. The strength-formability-crashworthiness balance of vehicles provide 
an intense driving force for the numerous AHSS development programs carried out by 
metallurgists and materials scientists. The innovations in both microstructures and mechanical 
properties of AHSSs enable automakers and parts manufacturers to use less materials, achieving 
the goal of automotive weight reduction. 
Dual-phase (DP) steels represents the metallurgical breakthrough in the AHSS family, 
since they were the first, among other alloy systems, to be employed for the purpose of vehicle 
weight lightening [4]. DP steels are characterized by a ferrite-martensite microstructure [5–12]. In 
order to obtain this two-phase mixture, effects of alloying or microalloying elements were assessed 
and some basic understanding were established, i.e., Mn increases austenite hardenability and 
solid-solution strengthening [13–15], Cr and Mo suppress pearlite and bainite formation [16–18], 
Si and Al promote ferrite transformation [19–21], and Ti, Nb and V serve to promote 
microstructure refinement and precipitation hardening [5,22–24]. In addition to ferrite and 
martensite, pearlite, upper bainite, cementite, retained austenite or tempered martensite in the final 
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microstructures of DP steels have been also reported in other studies [9,20,25–29]. Also, the 
mechanical properties of DP steels have been shown to exhibit as follows, continuous yielding, 
low yield strength (YS), low yield to tensile strength ratio (YS/UTS), high ultimate tensile strength 
(UTS), high initial strain hardening rate, high fatigue resistance and superior ductility [4,23,30–
34].  
Since the 1970s, numerous studies have been conducted on the approaches of producing 
thinner high-strength DP steels. Japanese researchers [35,36] first developed continuous annealing 
and later continuous galvanizing lines (CGL) for efficiently and economically producing DP steels 
in industries. In the 1990s, DP 590 steels (DP steels with a UTS of 590 MPa) were established 
[21], while automakers still searched for higher strength DP steels to enable more weight reduction, 
at the same time keeping a good ductility or formability (both total elongation (TE) and shear-edge 
ductility). The so-called DP 590 steels were followed by the stronger steels DP 780 and DP 980 
steels [37,38]. These improvements were achieved based on the results of research into the 
physical and mechanical metallurgy of these steels. It was found that different strengthening 
mechanisms contribute to increasing the strength of DP steels. From Davies’ early studies [5–8], 
it was concluded that the microstructure of DP steels with the best strength was comprised of high 
volume percentages of fresh martensite and stronger ferrite strengthened by ferrite grain 
refinement and fine carbonitride precipitates in ferrite matrix. 
Concerning ductility, from the middle of the 1970s, many metallurgists and materials 
scientists have investigated the effects of microstructural features, i.e., grain sizes, ferrite volume 
fraction and inclusions, on total elongation (TE). Shear-edge ductility or hole expansion ratio 
(HER) is another aspect of ductility. The key elements controlling HER are not yet fully 
understood. The fracture related to the ductility based on TE and HER is associated with the 
 3 
cracking that occurs inside the (1) ferrite/ martensite boundaries, (2) ferrite/ cementite interfaces 
and (3) martensite itself [39]. In addition, recent literature [21,40–43] showed that retained 
austenite may play a critical role in governing both TE and HER, which was due to transformation-
induced plasticity (TRIP) effect. So, TRIP steels [44], and quench and partitioning (Q&P) steels 
[45] were subsequently developed. 
The main purpose of this dissertation was to determine how and to what extent the strength 
of DP steels could be enhanced, while not severely sacrificing TE or HER. Also, in order to obtain 
ultra-high strength and superior ductility, conforming to the properties of Generation III steels 
(defined by the product of UTS × TE greater than 22,000 MPa × %) [34,46], DP steels with 0.15 
wt.% C, 0.04/0.4/0.8 wt.% Al and 0.06/0.12 wt.% V have been designed and melted. The pre-
annealing conditions studied included two coiling temperatures: 580°C (bainitic ferrite as the 
starting structures) and 677°C (polygonal ferrite and pearlite as the initial structures) and one cold 
reduction of 60%. Furthermore, two annealing continuous galvanizing line (CGL) simulations 
were selected for this study. The first annealing simulation was the standard galvanizing (GI) 




2.1 Origin and Need for High Strength Steels in Automobiles 
The need for high-strength steels in automotive applications came about in the 1970s. First, 
the oil embargo came from Middle East, and second were the passenger safety issues stemming 
from the US Transportation Department [47]. These two issues can be improved by automotive 
weight reduction through the use of high strength steels. 
Before the 1970s, there were essentially two types of automotive steels: low strength hot-
rolled or cold rolled and annealed steels with a UTS of ~300 MPa, such as aluminum-killed 
drawing quality (AKDQ) ferrite-pearlite steels, for automotive panels and structures, and quench 
and tempered medium-carbon martensitic steels for gear, suspensions and transmission parts. 
When the oil crisis occurred in 1975, automakers were suddenly asked to produce vehicles which 
could conserve oil and CO2 emissions, by substituting higher strength steels. A few years later, 
they were further asked to make the cars safer for crash worthiness or occupant safety, by again 
substituting higher strength steels. All these disruptions forced automakers to find the approaches 
of producing higher strength, thinner steels. Since then, numerous publications have focused on 
the thinner high strength steels for automotive applications. 
DP steels are the typical representative of low carbon high strength steels used as 
automotive structural materials, since they have high strength combined with decent ductility and 
good spot weldability. One of the first papers on DP steels was written by Hayami and Furukawa 
[48] in 1975, followed by the works done by Davies [5–8], Speich [9,10] and Rashid [11,12] from 
1978 to the early 1980s. At the same time, Japanese researchers [35,36] were developing the 
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processing lines for continuous annealing of cold-rolled sheet steels and later followed by hot-dip 
galvanizing lines involving intercritical annealing. These two processes are now common in 
modern sheet steel production.  
There are three purposes of hot-dip galvanizing lines: (i) relieving the high strain 
introduced by hot and cold rolling, thereby making them more formable for automotive 
applications, (ii) intercritical annealing permits the formation of the dual-phase structures to occur 
after rapid cooling from the intercritical annealing temperature (IAT, near 790°C to the zinc pot 
temperature (near 460°C) and then further to room temperature), and (iii) providing the thinner 
high strength annealed steels with corrosion resisting Zn coatings to minimize corrosion from 
halide-rich, anti-icing road treatments. So, CGL processing includes (i) reheating the cold-rolled 
sheet steels to an IAT, (ii) short-time isothermal holding at an IAT, (iii) cooling from an IAT to 
the zinc pot temperature of 460°C, (iv) short-time isothermal holding at 460°C and (v) cooling 
from 460°C to room temperature. 
When combining all these technologies, the result is the platform leading to today’s 
production of DP steels for weight reduction. 
2.2 Metallurgical Knowledge 
2.2.1 Intercritical Annealing Technology 
From the early 1970s through the mid 1980s, researchers conducted some fundamental 
studies of DP steels, since they did not know how to produce these steels or microstructures. In 
order to obtain a good combination of strength and ductility, the final microstructures of DP steels 
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comprise ferrite and dispersed martensite islands. One common processing route for DP steels 
includes reheating the initial microstructures in the intercritical regime (⍺ + γ) with a short holding 
time, followed by continuous cooling to the room temperature [4,11,12,27,28,49,50]. The 
intercritically formed austenite can transform into fresh martensite after rapid continuous cooling. 
This procedure is called intercritical annealing in a continuous annealing line. In addition, the other 
approach is full annealing, in which the steels are reheated above the AC3 temperature (full 
austenite regime), followed by controlled accelerated cooling to room temperature [4,12]. The 
adjusted accelerated cooling rate of full annealing is critical, since it enables most of the austenite 
to transform into ferrite and the rest to transform into martensite. Finally, two-phase 
microstructures can be formed in a CGL by cooling from the IAT to the zinc pot temperature 
followed by cooling to room temperature. 
2.2.1.1 Ferrite Recrystallization and Austenite Formation in the Two-Phase Region 
Ferrite recrystallization of the cold rolled ferrite starting material, and austenite formation 
(nucleation and growth) occur during heating and isothermal holding at IATs, depending on 
starting microstructures, heating rates and intercritical annealing time and temperatures. 
Ferrite recrystallization does not occur for the DP steels with the initial microstructures of 
hot-rolled ferrite plus pearlite, and it only exists for the cold rolled steels during annealing. Garcia 
and DeArdo [51] reported that ferrite recrystallization was complete prior to austenite formation 
for the DP steels with the stating microstructures of cold-rolled ferrite-pearlite segregates and at a 
low heating rate. Later, Yang et al. [52] also made intercritical annealing studies of cold rolled DP 
steels. Unlike Garcia and DeArdo’s research results [51], Yang et al. [52] found that at a higher 
heating rate, austenite nucleated, accompanied by ferrite recrystallization and pearlite 
spheroidization, and that the time required for ferrite recrystallization or pearlite spheroidization 
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decreased as cold reduction and annealing temperature increased. This was the first proof that the 
stored energy of the starting conditions could influence the kinetics of intercritical annealing. 
These cases also showed that the heating rate has a critical effect on ferrite recrystallization. In 
summary, ferrite recrystallization normally completes during reheating at a low heating rate, while 
ferrite recrystallization is delayed to the austenite nucleation start temperature at a high heating 
rate [53].  
Speich et al. [9] concluded three stages in which austenite formation occurred during 
intercritical annealing for high Mn hot rolled ferrite pearlite steels. The first stage included 
austenite nucleation in the ferrite/pearlite interface boundaries, followed by the growth of austenite 
into pearlite, consuming the undissolved cementite in the prior pearlite colonies. The second stage 
was the transformation of austenite into ferrite during cooling, controlled by the carbon diffusion 
in austenite at a high IAT or dominated by the manganese diffusion in ferrite at a low IAT. The 
last one was the austenite and ferrite equilibrium governed by manganese diffusion in ferrite.  
Garcia and DeArdo [51] studied the formation of austenite during intercritical annealing in 
terms of the Mn steels with different starting microstructures, but using slow heating rates. They 
concluded that austenite always nucleated associated with the cementite existing in the 
ferrite/ferrite grain boundaries. Barbier et al. [50] found that austenite nucleation preferred to occur 
at cementite particles located in the high Mn segregation bands, since Mn is the austenite stabilizer. 
The amount of the intercritically formed austenite during intercritical annealing depends 
on the IAT and carbon content. For a given carbon content, increasing the IAT leads to a larger 
amount of austenite, from the level rule. At a given IAT, higher carbon contents increase the 
volume fraction of austenite. 
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Also, the heating rate can have an influence on the morphology and distribution of 
intercritically formed austenite. Huang et al. [53] investigated the effects of heating rates on the 
austenite formation of steels with initially hot rolled and cold rolled ferrite + pearlite 
microstructures. For hot band coils at a low heating rate, austenite first nucleated at the pearlite 
lamellar cementite-ferrite interfaces until all the cementite in pearlite was completely dissolved. 
Later, some austenite nucleated at the ferrite/ferrite grain boundaries associated with cementite in 
competition with the austenite growth in the prior pearlite location. The low heating rate enables 
the sufficient growth of pearlite-nucleated austenite, compared with the ferrite/ ferrite boundary-
nucleated austenite. In terms of steels with a starting microstructure of hot rolled ferrite + pearlite 
at a high heating rate, pearlite-nucleated austenite coexisted with ferrite/ ferrite boundary-
nucleated austenite, and as a result, there was no growth competition between pearlite-nucleated 
austenite and boundary-nucleated austenite, during subsequent soaking. With regard to the cold 
rolled steels at a low heating rate, the distribution of intercritically formed austenite was similar to 
that of austenite formed from hot rolled steels at a low heating rate, since ferrite recrystallization 
completed prior to austenite nucleation. However, the morphology of pearlite-nucleated austenite 
was different, since prior pearlite was deformed and elongated due to cold rolling. For the cold 
rolled structures at a high heating rate, the high heating rate retards the ferrite recrystallization, so 
ferrite recrystallization coexisted with austenite formation during holding at the IAT. Ferrite/ferrite 
grain boundaries were moving and there were no austenite nucleation sites associated with ferrite 
grain boundaries. So, austenite only nucleated and grew at the prior pearlite areas and there was 
absence of ferrite/ferrite boundary-nucleated austenite. 
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2.2.1.2 Austenite Decomposition during Continuous Cooling from the Intercritical 
Annealing Temperatures  
Intercritical annealing temperature determines the volume fraction, grain size and carbon 
content of austenite, governing the hardenability of intercritically formed austenite. Hardenability 
is a crucial factor which controls the austenite decomposition products after cooling. Fig. 2.1 shows 
effects of IATs on austenite volume fraction, austenite carbon content and martensite start 
temperature [21]. It is apparent that increasing the IAT increases the volume percentage of 
austenite and reduces the carbon content in austenite, thereby lowering the hardenability of 
austenite and making it unstable. Unlike martensite, some other austenite decomposition products 
may be formed even at a reasonably high cooling rate. Furthermore, the morphologies and 
microstructures of martensite transformed from intercritically formed austenite are also affected 
by IATs. The martensite structures can vary from lath martensite of typical austenite in low carbon 
steels to twinned martensite of typical austenite in high carbon steels [10]. The differences in 
morphologies are attributed to the effects of carbon content of austenite formed at the different 
annealing temperatures. 
Garcia and DeArdo [26] investigated the effect of carbide dissolution on the amount of 
intercritically formed austenite and subsequent phase transformation after fast cooling. Carbide 
dissolution increased the carbon content and hardenability of austenite during intercritical 
annealing. As a result, a higher percentage of austenite transforms into fresh martensite after 
accelerated cooling. Thus, determining the carbide dissolution temperature of a specific DP steel 
is an essential step to obtain the desirable volume fraction of fresh martensite in the final 
microstructure of DP steels.  
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In addition, alloying elements like Mn [13,54], Cr [27,34,55] Mo [27,34,55] and V [56,57] 
can also increase the hardenability of austenite, suppressing the formation of proeutectoid ferrite, 
pearlite and bainite after rapid cooling. It has been found that Mn, Cr and Mo also lower the critical 
cooling rate for the transformation of austenite into fresh martensite [13]. 
 
Figure 2.1 The effects of IATs on austenite volume fraction, austenite carbon content and martensite start 
temperature [21].  
 
The intersection of the cooling rate curves with the CCT diagram of the intercritically 
formed austenite determined by the chemical composition of DP steels predict the austenite 
decomposition products in the final microstructure after continuous cooling (seen in Fig 2.2 [58]). 
In Fig. 2.2, when the cooling rate exceeds 187ºC s−1, all of the austenite transforms into martensite. 
Reducing the cooling rate causes the formation of ferritic microstructures or bainite to replace the 
fresh martensite. So, it is vital to find the critical cooling rate for martensite transformed from 
intercritically formed austenite. Tanaka et al. [59] put forward the critical cooling rate equation 
dependent on Mn, Si, Cr and Mo contents (seen in Eqs. 2.1 to 2.2).  
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 Mneq% = Mn% + 0.26 × Si% + 3.5 × P% + 1.3 × Cr% + 2.67 × Mo% (2.1) 
 
 log CR  ≥ -1.73 × Mneq% + 3.95 (2.2) 
 




Figure 2.2 The CCT diagram of a C-Mn-Cr-Mo-Si DP steels intercritically annealed at 780ºC at a heating rate 
of 10 ºC s−1 and isothermally held for 120 s. A variety of cooling rates intersecting the CCT diagram determine 
the transformation temperatures of different austenite decomposition products (i.e., polygonal ferrite (PF), 
bainitic or acicular ferrite (BF), bainite (B) and martensite (M)) [58]. 
2.2.1.3 Retained Austenite in the Final Microstructures after CGL 
Previous literatures [19,30,41–43,60–63] showed that retained austenite was found in the 
final microstructures of DP steels. The amount of retained austenite can be controlled by chemical 
compositions, cooling rates, IATs and hot-dip galvanizing isothermal holding time. The volume 
fraction of retained austenite can be increase by adding higher amounts of C [10,41] Mn [19,42], 
and Si [19,42,61]. For instance, in Saleh’s research [61], he found that the amount of retained 
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austenite increased with increasing Si contents. During the isothermal holding at the bainite 
transformation temperature of about 400ºC, Si can effectively suppress the formation of cementite 
and delay bainite transformation, and thus carbon enrichment stabilizes the austenite [41,61,64]. 
As a result, a larger amount of austenite is retained in the final microstructures during fast cooling 
from the bainite transformation temperature to room temperature. Eggbauer et al. [63] found that 
high cooling rates resulted in higher volume fractions of retained austenite, which means that larger 
volume percentages of retained austenite can be obtained in the air-cooled steels than those in the 
water-quenched steels [10]. In addition, Matsumura et al. [41,64] concluded that the amount of 
retained austenite decreased with extending isothermal holding time as well as lowering the 
austempering temperatures.  
Retained austenite affects both the strength and ductility of DP steels [41]. During the 
deformation of DP steels, retained austenite transforms into martensite. The TRIP effect improves 
the ductility, and meanwhile, the martensite transformed from retained austenite improves the 
tensile strength. In addition, retained austenite also has a critical impact on the shear-edge ductility 
[65], which will be discussed in the following section. 
2.2.2 Chemical Compositions  
The compositions used in DP steels influence (i) the AC1 and AC3 critical temperatures and 
the ɑ + γ two phase region in the Fe-C phase diagram; (ii) the kinetics of ferrite recrystallization 
and austenite formation during reheating to the desired IAT and soaking; (iii) the amount and 
morphology of the intercritically formed austenite at given IAT and holding time; (iv) the 
hardenability of the intercritically formed austenite during cooling from the desired IATs to the 
room temperature; (v) Bs and Ms temperatures along with the critical cooling rate in the CCT 
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diagram; (vi) the volume percentages and morphologies of different austenite decomposition 
products at controlled cooling rates; and (vii) the strength contribution due to precipitation 
hardening in terms of the newly formed ferrite , i.e., beyond that of the ferrite inherited from the 
cold rolled hot band. 
2.2.2.1 Carbon 
The variations in carbon contents influence the amount of intercritically formed austenite 
during reheating cold rolled DP steels from room temperature to the desired IATs. This effect can 
be expressed as an austenite formation rate (the volume percentage of austenite per second 
(fv(γ) °C
−1)), which is dependent on the width of the intercritical or two-phase (ɑ + γ) range in the 
Fe-C diagram, from the lever rule. Decreasing C contents results in a wider intercritical or two-
phase (ɑ + γ) range, hence reducing the austenite formation rate (fv(γ) °C
−1) during heating. For 
example, Fonstein [21] reported that reducing the C levels from 0.18 wt.% to 0.07 wt. % in a Cr-
Mn-Si-B steel caused the decrease in austenite formation rates (fv(γ) °C
−1) from 6% °C−1 to 
2.3% °C−1.  
In addition to the amount of intercritically formed austenite, carbon contents also have an 
impact on the austenite growth kinetics in the intercritical or two-phase (ɑ + γ) range. From the 
previous studies [53,66], it is found that austenite nucleated at the interfaces between pearlitic 
ferrite and cementite within pearlite colonies, and at the ferrite/ferrite grain boundaries associated 
cementite particles. Also, subsequent austenite growth is mainly governed by carbon diffusion. 








where, 𝜈⍺γ is interface velocity, M0⍺γ the material factor controlling the interface mobility, Q⍺γ the 
activation energy of boundary motion and ΔG the chemical driving force. Also, ΔG varies with 
two discrete austenite nucleation sites. The chemical driving force (ΔGI) of the austenite growth 
within the pearlite colonies can be expressed by using Eq. 2.4 [69]. 
 
 ∆GI=χ(T)(x
γ'/α-xγ)  (2.4) 
 
where, ꭓ(T) is the proportional factor, x
γ’/⍺ is the carbon concentration of moving the interface of 
γ/⍺ and xγ is the concentration of carbon at equilibrium in austenite at a given temperature. In terms 
of the austenite generated from ferrite/ferrite grain boundaries, the chemical driving force (ΔGII) 
for austenite growth is shown in Eq. 2.5 [66]. 
 
 ∆GII=χ(T)(x
α/γ-xα)  (2.5) 
 
where, x⍺/γ is the carbon concentration in ferrite to move the γ/⍺ interface and x⍺ the carbon 
concentration at equilibrium in ferrite at a given temperature. From Eqs. 2.3−2.5, it is obvious that 
the austenitization rate is strongly controlled by the carbon differences in γ/⍺ interface, γ- and ⍺- 
phases. 
Also, hardenability is the ability of a steel to be hardened by obtaining some volume 
percentage of martensite transformed from austenite after quenching at a given depth, which can 
be measured by a standard Jominy end-quench test [70,71]. Hardenability strongly relies on 
chemical compositions and it is a critical factor controlling the austenite stability and its 
decomposition products after cooling from the intercritical or two-phase (ɑ + γ) range. The carbon 
contents associated with intercritical annealing temperatures (IATs) importantly influence the 
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hardenability of austenite in DP steels. A high intercritical annealing temperature, from the lever 
rule in a Fe-C diagram, results in a larger amount of intercritically formed austenite with low 
carbon content and hardenability, thus making austenite unstable. On the contrary, when the cold 
rolled DP steels are intercritically annealed at a low temperature, a smaller amount of austenite 
containing high carbon content will be obtained, giving a rise to the high hardenability and stability 
of the intercritically formed austenite [10]. 
2.2.2.2 Manganese 
Manganese is a critical alloying element dominating the final microstructures and 
mechanical properties of DP steels. The Mn additions have effects on the Fe-C phase diagram. 
Calcagnotto et al. [13] investigated the influences of Mn in 0.15C-0.8Mn-0.3Si and 0.15C-1.6Mn-
0.3Si DP steels and they found that increasing Mn levels lowered both AC1 and AC3 temperatures 
from 733°C to 721°C and from 845°C to 835°C, respectively, which was due to the carbon 
diffusion retardation cause by Mn additions. Hence, the intercritically formed austenite volume 
percentages of the DP steels with Mn additions should be higher than those of DP steels without 
Mn at the similar intercritical annealing temperatures. Also, Mn additions lower the eutectoid 
temperatures (shown in Fig. 2.3 (a)) and reduce eutectoid carbon contents (Fig. 2.3 (b)) [14]. Figs. 
2.3 (a) and (b) show the effects of microalloying elements on the transformation temperature and 
carbon content in the eutectoid point in a Fe-C phase diagram, respectively. So, the volume fraction 
of intercritically formed austenite can be raised as Mn levels increase. Moreover, Toji et al. [15] 
concluded that the low diffusivity of Mn resulted in low Mn partitioning in the intercritically 
formed austenite at the early stage of austenite formation and a longer intercritical annealing time 
needed to enhance austenite stability and reach a maximum austenite volume percentages at a 
given IAT. Furthermore, Mn additions are beneficial to a finer distribution of cementite in the 
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starting microstructures of DP steels before annealing, which results in providing a stronger Zener 
pinning effects on grain boundaries and retarding subsequent austenite grain growth in an 
intercritical or two-phase (ɑ + γ) range [13]. 
 
Figure 2.3 Effects of microalloying elements on eutectoid transformation temperatures and eutctoid carbon 
contents in the Fe-C phase diagram [14]. 
 
In addition to austenite nucleation and growth, ferrite recrystallization occurs during 
heating and isothermal holding in an intercritical or two-phase (ɑ + γ) range, since the initial 
microstructures of DP steels, prior to continuous annealing, often consist of cold rolled ferrite and 
pearlite. Mn additions also can have influences on ferrite recrystallization behaviors. For instance, 
Pradhan [72] reported that, both recrystallization start and finish temperatures increased with 
increasing Mn levels in a 0.05C-0.06P-0.04Nb-0.085V steel,. In previous research [50,53,73,74], 
the competition between ferrite recrystallization and austenite growth occurred during reheating 
at a high heating rate and subsequent isothermal holding in an intercritical or two-phase (ɑ + γ) 
range. Thus, the effect of Mn additions on ferrite recrystallization behaviors will also indirectly 
benefit the amount of intercritically formed austenite.  
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Moreover, Mn additions enhance the hardenability of austenite, since Mn prefers to 
partition in austenite and increases carbon solubility in austenite [13]. And as a result, the increase 
in Mn levels suppresses the formation of ferrite, pearlite and bainite and reduces the critical cooling 
rates for the transformation from austenite to martensite [17,21]. 
2.2.2.3 Aluminum 
Aluminum is one of the ferrite stabilizer elements, which can increase AC1 and AC3 
temperatures and enlarge both the ferrite field and the ⍺+γ regime in the Fe-C phase diagram. 
Therefore, higher IATs must be used in the DP steels with higher Al contents (seen in Fig. 2.4) for 
DP steels to obtain enough initial austenite during heating and holding as well as fresh martensite 
after full CGL process. Girina and Fonstein [20] studied effects of Al on the microstructures and 
mechanical properties of DP steels. In their research, Al contents varied from 0.04 wt.% to 1.1 wt.% 
and the temperature range (AC3 − AC1) varied from 135°C to 255°C.  
 
 
Figure 2.4 The relationship between the volume percentages of intercritically formed austenite and annealing 
temperatures of DP steels with different Al levels [20]. 
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In addition, increasing the Al contents decreases the carbon content and hardenability of 
the intercritically formed austenite. So, higher critical cooling rates are needed for the DP steels 
with the high content of Al [21]. It is inevitable that, with respect to steels with high Al level, a 
high-volume-fraction of new ferrite will form even after fast cooling from the intercritical 
temperature range. Also, effects of Al on the mechanical properties of DP steels are shown in Fig. 
2.5 [20]. Fig. 2.5 shows the UTS vs TE of DP steels with different Al contents after full CGL 
simulations. It is apparent that the addition of Al causes the sacrifice in tensile strength, however, 
the ductility, like TE or TS × TE can improve remarkably as Al content increases [75]. Al increases 
the diffusion coefficients of everything in ferrite including the self-diffusion of Fe causing more 
ferrite recrystallization and softer ferrite [76]. This is good for ductility but bad for strength. Kang 
et al. [77] investigated the effect of Al on the ferrite recrystallization behavior in high strength 
interstitial free (IF) steels. They found that increasing Al contents increased the ferrite 
recrystallization rate and thus improved the ductility of ferritic steels. 
 
 
Figure 2.5 UTS vs TE of DP steels with different Al contents after full CGL simulations [20]. 
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2.2.2.4 Chromium 
Cr is the alloying element often used in DP steels. Kong [16] and et al. studied the 
transformation kinetics from pearlite to austenite in 0.1 wt.% C - (2.0/4.0/6.0/8.0) Cr steels. They 
found that increasing Cr levels reduced the pearlite interlamellar spacing in the initial 
microstructures prior to annealing, which provided more austenite nucleation sites, since austenite 
prefers to nucleate at the interfaces of ferrite/cementite within pearlite colonies [53,66]. 
Additionally, Cr is one of the carbide forming elements [17]. So, more chromium carbide 
formation is led by Cr additions and these chromium carbides serve as austenite nucleation sites. 
In terms of austenite growth, which is dominated by the mobility of ⍺/γ interfaces and carbon 
diffusivity in austenite [21]. Cr additions refined pearlite structures, so the smaller pearlite 
interlamellar spacing reduces the carbon diffusion distance. In addition, the long distance diffusion 
of Cr from pearlitic cementite to the ⍺/γ interfaces can also accelerate the austenite growth rate 
[16].  
In terms of the transformation from the intercritical formed austenite to austenite 
decomposition products, Cr additions improve the hardenability of austenite, affecting the 
transformation kinetics of new ferrite, pearlite and bainite (seen in Fig. 2.6). Figs. 2.6 (a) and (b) 
show the CCT diagram of a 0.15 wt.% C-2.0Mn-0.006Nb DP steel without and with Nb additions, 
respectively, studied by Girina et al. [22]. Increasing Cr levels retarded the formation of new ferrite, 
since Cr additions moved the ferrite formation to the lower cooling rates. Additionally, the increase 
in Cr contents resulted in lowering bainite start temperature (Bs) and extending the bainite 
transformation time, regarding the critical process of zinc coating or hot-dip galvanizing, so that 




Figure 2.6 The CCT diagrams of a 0.15C-2.0Mn-0.006Nb DP steel (a) without Nb and (b) with Nb additions 
[22]. 
2.2.2.5 Vanadium 
The structure-property relationships of DP steels have been investigated by a variety of 
researchers [5,7,11,24,31,32]. The high strength of DP steels relies on a high-volume-fraction of 
fresh martensite, refined ferrite grain sizes and possibly fine carbonitride precipitates in the ferrite 
matrix (seen in Fig. 2.7 (a)). The total strength of a dual phase can be expressed by the combination 
of ferrite strength and fresh martensite strength with the application of rule of mixtures. V is a 
common carbonitride forming element, so fine vanadium carbonitride precipitates formed in ferrite 
matrix can improve the ferrite and total strength of dual phase steels [23]. Also, V has a 
considerable effect on refining structures, contributing to high UTS of DP steels [24]. 
In addition to strength, Davies [5] found that V also played a critical role in controlling 
ductility and initial strain hardening rate of DP steels. In order to develop work hardening behavior 
and ductility, both carbonitride precipitates and interstitial content of ferrite needed to be 
minimized (seen in Figs. 2.7 (b)−(d)). The V content needs to be near the solubility limit of VCN 
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in ferrite especially in the 600°C ~ 400°C temperature range to keep the VCN volume fraction 
small and lower the carbon content in ferrite matrix. 
 
 
Figure 2.7 The relations between ferrite and (a) strength, (b) uniform elongation (UE), (c) post uniform 
elongation (Post UE) and (d) TE of steels with or without V addition [78]. 
2.2.3 Strengthening Mechanisms 
In order to increase the total strength, the final microstructures of DP steels should 
comprise higher percentages of fresh martensite and stronger ferrite strengthened by ferrite grain 
refinement, carbonitride precipitates in ferrite matrix and high dislocation density in the vicinity 
of ferrite/martensite interfaces. 
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2.2.3.1 Rule of Mixtures (Banded Martensite) 
In 1965, Kelly and Tyson [79] put forward a basic theory for the strength of fiber-reinforced 
composites, which was later explained and developed by Mileiko [80] and Garmomg and 
Thompson [81]. This theory can be expressed by Eq. 2.6 [79]. 
 
 σC = σfVf + σm (1 - Vf) (2.6) 
 
where, σC, σf and σm are the strengths of composite, fiber and matrix, respectively and Vf is the 
volume percentage of fiber.  
Prior to continuous annealing, the initial cold-rolled microstructure of DP steels consists 
of banded ferrite and pearlite, which are elongated along the rolling direction. The majority of 
intercritically formed austenite are pearlite-nucleated austenite lying in the prior dissolving pearlite 
areas during intercritical annealing, followed by the transformation of austenite into banded 
martensite after continuous cooling. In addition, experimental data in Davies’ researches [5–8] 
showed that both YS and UTS of DP steels had a linear positive relation with the volume 
percentage of fresh martensite. These banded martensitic microstructures can be considered as the 
discontinuous fiber in the composite, and thus the rule of mixtures for strength can be applied to 
explain the relationship between the strength of DP steels and the volume fraction of fresh 
martensite. So, Eq. 2.6 can be rewritten in the form of Eq. 2.7. 
 
 σY = σα'Vα' + σα(1 - Vα') (2.7) 
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where, σUTS, σ𝛼’ and σ𝛼 are the strengths of DP steels, martensite and ferrite, respectively and V𝛼’ 
is the volume fraction of fresh martensite. From this rule of mixtures, both YS and UTS increase 
with the increase of the volume percentage of fresh martensite. 
2.2.3.2 Grain Refinement  
The Hall-Petch relation [82,83] was proposed in the beginning of the 1950s and later 
applied to various polycrystalline metals and alloys. This relation can be written as Eq. 2.8, 
 




where, σY is yield strength; σ0 is Peierls-Nabarro stress; k1 is material constant and dGB is the ferrite 
grain size bounded by high angle boundaries. In the dislocation theory, dislocation pileups and 
stress concentration occur near the grain boundary regions, since grain boundaries work as the 
potential barriers for the motion of dislocations. The shear stress at the pile-up tip should be large 
enough to cross the grain boundary and move to another grain [84]. Thus, the applied stress for a 
dislocation moving through the grain boundary area is higher, compared with that for dislocation 
displacements in the grain center. So, the smaller grain sizes, the more grain boundaries, the more 
dislocation movement barriers, and the more strength contribution to yield strength. 
2.2.3.3 Dislocation Strengthening 
However, Hall-Petch relation is not the only model which can explain the effects of grain 
boundaries on the strength of polycrystalline metals and alloys. In the Hall-Petch relation, the 
dislocation are generated from grain centers or related to the operation of Frank-Read sources [84]; 
while in Li’s [85] study, he proposed that dislocations came from grain boundaries. So, concerning 
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the relationship between work hardening and dislocation density, the grain-size dependent yield 
stress equation can be rewritten as Eq. 2.9, 
 
 σY = σ0 + αbGρ
-1/2 (2.9) 
 
where, σY is the yield strength; σ0 is the Peierls-Nabarro stress; 𝛼 a is material constant, b is the 
Burgers vector, G is the shear modulus and ρ is the dislocation density. 
Sherman et al. [86] found that the measured average dislocation densities in ferrite were 
related to the volume fraction of fresh martensite for the as quenched and air cooled DP steels in 
two conditions: without plastic deformation (seen in Fig. 2.8 (a)) and with 7% cold worked (seen 




Figure 2.8 The measured average dislocation density in ferrite as a function of martensite percentage for the 
as quenched and air cooled DP steels (a) without plastic deformation (b) with 7% cold deformation [86]. 
 
Prior to plastic deformation, the dislocations in ferrite are transformation induced 
dislocations resulting from the austenite-martensite transformation. For DP steels, intercritically 
formed austenite transforms into fresh martensite after rapid cooling, causing the volume 
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expansion. and dislocations associated with the reconstructive γ-α transformation. Therefore, there 
are two contributions to the pre-deformation dislocation density: (i) to accommodate the volume 
expansion and (ii) to permit the shear transformation to occur. Thus, both a high dislocation density 
and residual stresses are generated in the vicinity of ferrite/martensite interfaces [10]. This explains 
why there is often no yield point in DP steels, since the yield point is not likely in high dislocation 
density ferrite. 
In addition, during tensile testing, the formation of dislocation cell structures starts with 
dislocation tangles at a small tensile strain (~0.05%) and the structure consists of dislocation cell 
walls with high dislocation density at a higher tensile strain [87]. So the yield strength increases 
due to (1) the interaction of dislocation stress fields, (2) the interaction generating sessile locks 
and (3) the dislocation intersections of one slip system and another forming dislocation jogs [88]. 
2.2.3.4 Precipitation Hardening 
A lean amount of microalloying elements such as Ti, Nb and V is widely used in modern 
steels, like HSLA steels or DP steels. The strengthening effects of these microalloying elements 
can be classified as (i) grain refinement, (ii) precipitation (or dispersion) strengthening at high 
transformation temperatures or (iii) dislocation/transformation strengthening at low transformation 
temperatures through hardenability. The precise behavior of microalloying elements in a given 
steel is the result of the solubility of their carbonitrides in austenite or ferrite and the 
thermomechanical processing (TMP) used in their production [89]. In order to achieve the goal of 
the grain refinement, prior to phase transformation from austenite to ferrite, the microalloying 
element carbonitrides should be either undissolved in austenite to pin boundaries during reheating 
or precipitated in austenite during hot deformation. Also, with respect to dispersion strengthening, 
the microalloying element carbonitrides are supposed to precipitate in ferrite during or after the 
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phase transformation, especially at high transformation temperatures, i.e., as in polygonal ferrite 
[28]. Obviously, for precipitation to occur in ferrite, the microalloying elements must have 
sufficient atomic mobility, and this requires higher transformation temperatures. Only the 
precipitation strengthening mechanism will be discussed in this section.  
The effect of precipitation strengthening on yield strength is dependent on the nature of 
precipitate particles (deformable or undeformable), particle sizes, particle volume fractions and 
the interaction between particles and dislocations (particle shearing in the Friedel Process or 
particle bypass in the Orowan Process) [90]. For modern steels, TiN, TiC, Nb(C, N) and V(C, N) 
particles often play significant roles in increasing strengths. These are hard or undeformable 
particles, and dislocations bypass these particles, forming Orowan dislocation loops. So, the 
Ashby-Orowan [91,92] model was adapted, and it can be expressed by Eq. 2.10 [90], 
 
 ΔσY = (0.538Gbf
1
2/X) ln (X/2b) (2.10) 
 
where, ΔσY is the contribution of precipitation strengthening to yield strength; G is the shear 
modulus of the matrix; b is the Burgers vector of dislocations; f is the particle volume fraction and 
X is the average particle size. It is apparent that the increase in yield strength due to precipitate 
particles depends on the particle volume fraction and particle sizes. So, the contribution of 
precipitation strengthening to yield strength can be increased by reducing particle sizes by 
lowering the formation temperature or increasing particle volume percentages by increasing the 
amount of solute dissolved in austenite before transformation. 
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2.3 Other Considerations 
2.3.1 Stored Energy 
Stored energy in AHSSs, is generated from phase transformation from austenite to 
austenitic decomposition products (i.e., ferrite, bainite or martensite) [93] and following plastic 
deformation in the process of cold work [94–98], This stored energy is consumed by forming 
dislocation structures, i.e., shear bands, cell walls and cells [99] and can be later released by 
recovery, recrystallization and heat during annealing. So, the annealing performance is influenced 
by the amount and distribution of stored energy [100]. 
Previous studies attempted to investigate the methods of determining stored energy. Bever 
and Ticknor [94] first calorimetrically determined the stored energy of cold worked Au-Ag alloys. 
After Watson and O’Neil invented differential microcalorimeters [101], the application of 
differential scanning calorimetry (DSC) to the measurement of stored energy was studied in 
various metal and alloys, i.e., cold rolled Al-Fe alloy [102], Ni polycrystalline [103] and interstitial 
free (IF) steels [104]. In this method, internal plastic strain energy caused by cold work is released 
as heat and directly measured during annealing [102–104].  
X-ray line broadening is another way of estimating the stored energy of deformed materials, 
since the lattice imperfection caused by plastic deformation gives rise to broadening of diffracting 
peaks of planes in Debye Scherrer X-ray patterns [105]. Paterson [96] used the X-ray line 
broadening method to evaluate the stored energy of deformed calcite, with the assumption that 
broadening was caused completely due to internal plastic strains. Later, a new X-ray line 
broadening approach was developed by Kallend and Huang to determine the orientation-dependent 
stored energy of 50% cold rolled copper [106]. Then, Rajmohan et al. [107] introduced a new 
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neutron diffraction line broadening method, which helped to determine a more accurate stored 
energy value of 80% cold rolled IF steels, since neutron diffraction can provide a deeper 
penetration into materials studied compared with X-ray diffraction. 
In the 1960s, the study of Dillamore et al. [98] revealed that the orientation-dependent 
stored energy, following Shockley-Read low angle grain boundary (LAGB) energy formula 
[108,109], could be expressed by a function of sub-grain boundary misorientation. Based on this 
relationship between stored energy and sub-grain boundary misorientation, Choi et al. [99] utilized 
electron backscatter diffraction (EBSD) technology to calculate the average internal plastic strain 
energy stored in the sub-grain boundaries of 50% cold deformed IF steels. Subsequently, Fang et 
al. [100] investigated the determination of stored energy of Nb- or Ti- bearing high strength low 
alloy (HSLA) steels and they reported that, after cold rolling, the internal plastic strain energy was 
consumed by forming sub-grain boundaries within ferrite grains and causing the changes in ferrite 
grain shape, which means that the stored energy was supposed to be the sum of sub-grain boundary 
energy within ferrite and extra high angle grain boundary (HAGB) energy of elongated ferrite. 
Kernel average misorientation (KAM) is also another approach for characterizing the local 
misorientation of deformed crystalline lattices. It is defined as the average misorientation of a 
single point with regard to its neighbors within a kernel [110]. During the plastic deformation, 
statistically stored dislocations (SSDs) accumulate by random trapping, whereas geometrically 
necessary dislocations (GNDs) are stored, allowing for the compatible deformations, which are 
related to the gradients of deformations [111]. Calcagnotto et al. [112] showed that geometrically 
necessary dislocation density (ρGND) could be calculated from KAM values. Therefore, stored 
energy can be expressed as the dislocation energy [113] with respect to EBSD-KAM. 
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2.3.2 Stretch-Flangeability 
High strength DP steels have been widely used as vehicle body structures and anti-collision 
impact energy absorbing components, playing a crucial role in vehicle weight lightening. However, 
one important concern related to DP steels has arisen that increasing UTS of DP steels is 
considerably detrimental to sheet metal forming, i.e., stretch-flangeability or local ductility [114]. 
Stretch-flangeabilty normally is estimated by hole expansion testing [115], where a 100 mm × 100 
mm sheet is cold punched with a 10 mm diameter hole, subsequently expanded by a conical punch 
at a constant rate, and the test is considered complete and final hole diameter measured when a 
through-thickness edge crack is observed. HER values are determined by the ratio of the difference 
between the final inner hole diameter (after hole expanding) and the initial inner hole diameter 
(before hole expanding) to the original inner hole diameter [115–118]. 
Many previous studies in the literature exist regarding the relationships between HER and 
uniaxial tensile properties (Fig. 2.9), such as YS [119] , UTS [119,120] , YS/UTS [116], strain 
hardening ratio (n) [121], Post UE [119,120,122], normal anisotropy (R) [119,123], and reduction 
in area (RA) [27,29]. These correlations were often converted into linear or nonlinear regression 
equations to permit the prediction of HER values without actually conducting HETs. Figs. 2.9 
(a)−(c) show the correlations between HER and UTS, Post UE as well as R, based on Sadagopan’s 
experimental works [124] and Basic Metal Processing Research Institute (BAMPRI) unpublished 
researches. Although the relationships between HER and tensile properties are apparent for some 
specific steels (i.e., the single phase ferritic steels or low strength steels), these relations are limited 
with respect to DP steels [120,125]. Therefore, other mechanical properties which might be related 
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to HER were studied. For example, Yoon et al. [125] found that fracture toughness played a crucial 
role in governing the stretch-flangeability of sheet metals.  
 
 
Figure 2.9 (a) HER vs UTS, (b) HER vs Post UE and (c) HER vs R̅ for a variety of steel grades, data from 
Sadagopan’s experimental works [124] and BAMPRI unpublished research results. 
 
In addition, microstructural features have been reported to be related with HER. Gwon et 
al. [126] showed that grain refinement improved hole expansion behaviors of twinning induced 
plasticity (TWIP) steels. In the research of Kim et al. [127], it is reported that the a large amount 
of fresh martensite had a side effect on HER. Hasegawa et al. [128] pointed out that the hole 
expansion performance of DP 980 was dominated by the hardness difference between ferrite and 
fresh martensite. However, the limitation of their investigation was that the hardness values of 
different phases were calculated by experimental equations. Later, this finding was verified by 
Taylor et al. [33], who used nanoindentation technology to achieve the replacement of theoretical 
Vickers hardness by experimental nanohardness of both soft and hard phases. 
Furthermore, the hole forming methods also have an influence on hole expansion 
performances of DP steels. Fig. 2.10 concludes four major steps of hole punching [129,130]: (1) a 
steel sheet blank is forced to fill into the clearance between the female die and male punch, forming 
a rollover zone in the shear surface (Fig. 2.10 (a)); (2) as the punch continues penetrating into the 
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tested metal, vertical walls on the edge of the punched hole metal can be observed, forming a 
burnished or ironing zone (Fig. 2.10 (b)); (3) internal stress increases with increasing the punch 
penetration depth and the tested metal is separated, when the internal stress reaches a critical value, 
forming a fracture zone (Fig. 2.10 (c)); and (4) a shear burr can be formed when the fracture surface 
is in contact with the punching die or the punch (Fig. 2.10 (d)). Thus, the initial punched hole 
surface normally consists of zones of rollover, burnishing, fracture and shear burrs. However, the 




Figure 2.10 The schematic illustration of punching process. The formation of (a) rollover zone, (b) burnished 
zone, (c) fracture zone and (d) shear burr [129]. 
 
In terms of other methods of making a hole, Yoon et al. [115] investigated the HER values 
of two kinds of initial holes. One was the punched hole and the other one was a hole milled after 
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punching. The HER results indicated that the HER blanks with the latter hole had the better hole 
expansion behavior, since the following milling process removed the punching damages 
[39,125,128,131–133]. Moreover, Taylor et al. [33] studied the sheared-edge ductility of hole 
edges formed by punching and electric discharge machining (EDM). In his study, no existence of 
sheared affected zone (SAZ) near the initial hole formed by EDM resulted in higher HER values. 
Sugimoto et al. [65] revealed the fact that the stretch-flangeability of high strength TRIP aided DP 
steels were remarkably improved by the combination of warm hole punching and subsequent warm 
hole expanding. In this case, the benefit to HER appeared to be caused by the carbon content or 
stability of the retained austenite instead of the volume fraction of the retained austenite. Chilutti 
[134], Skapik [135] and Cherry et al. [136] in BAMPRI studied effects of several common hole 
preparation methods (i.e., punching, laser cutting, water jet cutting and drilling) on the 
microstructures near initial hole edges and the HER results of DP590 and DP780 steels. Compared 
with another three methods, the HER specimens with the drilled holes in the center had the best 
hole expansion performances, since they had the reasonable edge quality without damages caused 
by punching, heat affected zones caused by laser cutting or non-uniform holes caused by water jet 
cutting [134,135]. Additionally, in Cherry et al.’s research [136] , two post-punching approaches 
(in-hole and above-hole induction heating) were applied, and the results showed that the HER 
values of DP980 HER specimens with in-hole induction heating was improved from 16.3% can 
reach 108.6%. 
Regarding the fracture mechanism occurring during the hole expansion of DP steels with 
a variety of strength levels, both Hasegawa et al. [128] and Levy et al. [131] found that microcracks 
always existed in the ferrite-martensite interfaces during HETs, while some cracks still propagated 
inside the ferrite or martensite grains, when considering some high stretch-frangibility DP steels. 
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Furthermore, Pathak et al. [39] concluded four void nucleation mechanisms for DP 780 steels. 
Martensite cracking and the decohesion of ferrite/martensite interface were two dominant void 
nucleation mechanisms, while some voids were also found at the ferrite/ferrite grain boundaries 
near the final fracture and a few voids were associated with the presence of TiN particles at a low 
strain [39]. 
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3.0 Motivation and Objectives 
The current study will investigate how to further increase the strength of DP steels, while 
not severely sacrificing ductility and HER. The following key questions will be addressed:  
(i) What final microstructure is needed to reach a high UTS (i.e., 1000 MPa) in DP steels? 
(ii) How to obtain these critical microstructures after contiguous galvanizing line (CGL) 
simulations by the changes in composition and processing?  
(iii) What is the acceptable HER value for high-strength DP steels? 
(iv) What are the key factors governing hole expansion?  
This research focuses on processing, microstructures and properties of a new generation of 
DP steels produced on continuous galvanizing lines. There are several program variations that 
need to be taken into consideration.  
(i) In terms of alloy design, 0.15 wt.% C, 0.04/ 0.4/ 0.8 wt.% Al and 0.06/ 0.12 wt.% V 
was assessed.  
(ii) The pre-annealing conditions including two coiling temperatures (580°C and 677°C) 
and a 60% cold reduction were chosen.  
(iii) The effects of two annealing approaches, a simulation of standard galvanizing and a 




4.0 Operating Hypotheses 
(i) Both global ductility (i.e., total elongation) and local ductility (i.e., hole expansion ratio) 
of the candidate DP steels can be improved by the changes in composition and processing. 
(ii) HER test includes hole punching and hole expansion. Knowledge of the defects formed 
during hole punching, their growth during hole expansion, and the influence of microstructure in 
these two steps are critical for improving HER. 
(iii) HER values are related to the differences in hardness between ferrite and hard 
constituents. Possibilities of improving HER include strengthening ferrite and softening martensite. 
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5.0 Experimental Procedures 
5.1 Materials and Processing 
The candidate DP steels used in this dissertation were supplied by United State Steel 
Research and Technology Center. The measured compositions are listed in Table 5.1. The 
designations or IDs of laboratory heats are composed of three digits. The first digit specifies the 
Al-addition contents (L is for 0.04 wt.% Al, M for 0.4 wt.% Al and H for 0.8 wt.% Al). The second 
digit is used to describe the V content (L is for 0.06 wt.% V and H for 0.112 wt.% V). Finally, the 
last one represents the coiling temperatures (L is for a low coiling temperature of 580°C and H for 
a high coiling temperature of 677°C). 
 
Table 5.1 Measured chemical compositions (wt. %) and IDs of candidate DP steels 
IDs C Al Cr Mn Ni Si V N 
LL 0.153 0.040 0.504 2.015 0.010 0.414 0.061 0.0046 
LH 0.153 0.042 0.503 2.020 0.010 0.415 0.117 0.0042 
ML 0.153 0.394 0.510 2.042 0.010 0.427 0.062 0.0048 
MH 0.152 0.394 0.510 2.035 0.010 0.426 0.115 0.0047 
HL 0.147 0.800 0.503 2.019 0.014 0.418 0.061 0.0047 
Note: the embolden values reflect the variables in Al or V contents 
 
Figure 5.1 schematically illustrates the thermomechanical processing and heat treatments 
used in this dissertation. Concerning thermomechanical processing, after vacuum melting and 
solidification in cast iron molds, the ingots were first reheated to 1250°C and hot rolled to 25 mm. 
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In the wake of rough rolling, the steels were soaked again at 1250°C, then immediately further hot 
rolled to 5 mm with several passes, ~27.5% hot reduction for each pass, then cold water sprayed 
to two coiling temperatures (677°C or 580°C) from 920°C, followed by in-coil cooling simulated 
by cooling to room temperature at −30°C h−1. After surface grinding and 60% cold rolling to 1.2 
mm, the cold rolled steel sheets were given two CGL simulations, by using a Gleeble 3800 machine. 
One CGL simulation replicated standard galvanizing (denoted by GI) and the other one was called 
supercooling process (denoted by SC), which will be described in the following content, Fig. 5.1. 
 
 
Figure 5.1 Schematic illustration of thermomechanical processing and heat treatments used in this dissertation 
 
In order to obtain ultra-high strength, it is known that a large amount of fresh martensite 
should be observed in the final microstructures of DP steels. Previous researchers [9,27,52,53] 
found that intercritical annealing temperatures (IATs) played a critical role in controlling the 
volume fraction of fresh martensite in dual-phase microstructures. The AC3 line at the top of the 
intercritical region, together with the inverse lever rule, mean that for a given carbon content, 
higher annealing temperatures will mean more austenite in the two-phase mixture, but at a lower 
carbon content of this austenite. This means lower hardenability or stability and less chance of 
minimizing higher temperature transformation to new ferrite, pearlite or bainite during slow 
cooling for example from the IAT, near 800ºC to the zinc pot temperature near 460ºC. Additionally, 
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Al is one of the ferrite stabilizer elements, which can increase AC1 and AC3 temperatures and 
enlarge both the α phase field and the intercritical γ+α region of the Fe-Fe3C phase diagram [20]. 
Therefore, higher IATs must be used for high Al-bearing DP steels to obtain similar initial 
austenite as the low Al-bearing DP steels. So, prior to CGL simulations, optimum IAT experiments 
needed to be conducted. The steels with different Al contents were heated to distinct IATs, ranging 
from 760°C to 820°C and water quenched to room temperature (WQRT). The volume fraction of 
fresh martensite for each condition was measured and recorded in Table 5.2. Fig. 5.2 shows the 
fresh martensite percentages of DP steels with different Al levels varying with IATs. From 
previous experience [27], about 10%−15% austenite transforms into ferrite or bainitic 
microstructures during full CGL simulations. So, 780°C, 800°C and 820°C were selected as the 
optimum IATs of candidate DP steels containing 0.04 wt.%, 0.4 wt.% and 0.8 wt.% Al contents, 
respectively. 
As shown in Fig. 5.1, GI and SC anneals have some similar heat treatments in the early 
stage of CGL simulations. The cold rolled steel sheets were heated to the desired IATs, varying 
with Al contents (as shown in Table 5.2 and Fig. 5.2), at +5°C s−1 and isothermally soaked for 60 
s, after which the specimens of each steel conditions were divided into two groups and each group 
was given different succeeding heat treatments of GI or SC anneals. One group was immediately 
cooled to the zinc pot temperature of 460°C at −15°C s−1, held 15s, followed by cooling to room 
temperature at −10°C s−1. The other group of steel conditions were cooled to 250°C at −15°C s−1, 






Table 5.2 Martensite volume fraction (%) of DP steels with different Al levels at distinct IATs in DP steels fully 






Fresh martensite volume fraction (%) 
760°C 770°C 780°C 790°C 800°C 810°C 820°C 
LL 0.04 0.06 65.0 74.5 84.9 92.5 - - - 
ML 0.4 0.06 - 59.3 67.0 73.4 82.5 - - 
HL 0.8 0.06 - 41.9 57.4 65.2 72.9 78.7 86.1 
Note: the embolden values were selected for further studies. 
 
 
Figure 5.2 The volume fractions of martensite for steels with different Al levels at distinct IATs. The selection 
of IAT for each Al content resulting in 80-90 Vol % fresh martensite   
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5.2 Stored Energy Evaluation 1 
5.2.1 Material Characterizations 
The hot rolled and cold rolled steel specimens with different pre-annealing conditions were 
sectioned, mounted, ground, polished and etched with 2% Nital reagent, in the preparation for the 
examination with a Nikon optical microscopy (OM). 
In EBSD analysis, inferior surface condition may affect the local strain measurements of 
materials studied. So, one additional step of final vibratory polishing with 0.05 μm alumina 
suspension became highly critical for EBSD sample preparation. The automated collection of 
EBSD data was conducted by using a FEI Scios dual beam scanning electron microscopy (SEM) 
combined with a EDAX EBSD detector and the fixed operating parameters, i.e., an accelerating 
voltage of 20kV, the currency of 13 nA, the working distance of 14 mm, a low magnification of 
1000×, and the step size of 100 nm. Later, the EBSD data were analyzed via OIM AnalysisTM v8 
software.  
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5.2.2 Vickers Hardness Measurements 
The Vickers hardness testing of the hot rolled and cold rolled DP steels was conducted with 
a load of 300gf and a dwell time of 15s, using a LECO LM310AT hardness tester, on the highly 
polished sample surface. The mean Vickers hardness of each steel condition was calculated by 
averaging the hardness values of 10 random indents. 
5.2.3 Stored Energy Evaluation Methods with EBSD Technology  
Three methods of determining the stored energy values of the initial conditions prior 
annealing were investigated in this dissertation, by applying EBSD technology. 
The first method is the sub-grain method, which is associated with the sub-grain structures 
in the deformed grain centers [99]. So, this dislocation-related stored energy can be calculated in 
Eq. 5.1 [137], 
 






where, k is the geometric constant (k=3 [137]), γs the sub-grain boundary energy and d the average 
sub-grain size. Eq. 5.2 can be shown below, as both sides of Eq. 5.1 are divided by the maximum 

















Since, the sub-grain boundary energy γ
s
can be expressed by a function of grain boundary 
misorientation [98], according to the Shockley-Read LAGB energy relation [108,109], γs can be 

















, if θ ≥ θm (5.4) 
 
where, 𝜃m is the usual limit for the low angle grain boundary misorientation in OIM packages (𝜃m 
= 15º). γm is the special boundary energy for HAGBs (γm = 7.56 J m
−2 [100]). Note: γs = 3.95 J m
−2 
when 𝜃 = 3º, a frequently used figure for the definition of sub-grain boundary misorientation using 
dislocation models [138]. It should be noted that the sub-grain boundary energy is dependent upon 
the sub-grain boundary misorientation, which relies upon two things: the sub-grain size and the 
measurement method. The cell size depends on the growth as it approaches the critical size for the 
nucleation of recrystallization. Since the annealing time in the CGL is limited, neither the cells 
themselves nor the wall misorientation would be expected to be large. Concerning the 
measurement method, the standard OIM packages use a cut-off of 15º as the demarcation between 
low and high angle boundaries. However, dislocation boundaries directly observed in the TEM 
show misorientations below about 6º. Obviously, the choice between 6º and 15º will have a large 
influence on the calculated stored energy values. It is believed that 6º is more valid, so 𝜃 = 6º was 
utilized in this research. Therefore, γs = 5.79 J m
−2 when 𝜃 = 6º, the upper limit of sub-grain 
boundary misorientation using dislocation models [139]. 
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Image Quality or IQ is an essential parameter of EBSD technology, which is used for 
describing the quality of electron backscatter Kikuchi patterns generated from a large volume of 
diffraction within the materials studied [140,141]. It is defined as the average of the total heights 
of peaks detected by Hough Transform, as shown in Eq. 5.5 [142], 
 








where, N is the total number of the peaks, Hi (ρi and 𝜃i) the height of the ith peak with a specific 
location associated with the Hough Transform. IQ values are assumed to have a positive linear 
relationship with local strain or dislocation density [99,141,143]. So, the correlation between 
stored energy and the reconstructed IQ is given in Eq. 5.6, 
 









) ×10 (5.6) 
 
where, IQi is the IQ value of the ith diffracted site, IQmin and IQmax the minimum and maximum 
IQ values, respectively.  
In the EBSD analysis, KAM is another approach of determining local misorientation 
[112,144]. EBSD-KAM technology calculated the average misorientation of all the surrounding 
points with respect to the center point within a defined kernel. The definition of KAM is also given 
in Eq. 5.7 [144], 
 








where, N is the total number of surrounding points within a kernel and θi the misorientation of ith 
surrounding point with respect to the center point.  
In Ashby’s research on plastic deformation of non-homogeneous materials, two dislocation 
densities were involved, one was statistically stored dislocations (SSDs) and the other one 
geometrically necessary dislocations (GNDs) [111]. SSDs evolved from random trapping [111,145] 
and GNDs was related to the plastic strain gradients and geometrical constrains to lattice crystals 
[111,146] during uniform plastic deformation. So, the geometrically necessary dislocation density 
(ρGND) can be expressed as a function of local misorientation, by using KAM technology, shown 









where, θ is the KAM value in radians, X the unit length and b the Burgers vector and equivalent 
to 0.248 nm. The stored energy evaluated with KAM method can be expressed by Eq. 5.9 [113], 
 









where, G is shear modulus (G=82GPa [147]).  
The last three methods mentioned above were used for the evaluation of stored energy in 
the dislocation structures within deformed grains. While the energy stored in the HAGB can be 
calculated by Eq. 5.10 [100], 
 
 SEHAGB = 7.56 × SV ×10
-5  (5.10) 
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where, SV is the HAGB area per unit volume, which can be given in Eqs. 5.11 and 5.12 [148], 
 
 SV = 2NL, for hot rolled steels (5.11) 
 
where, NL is the intercept number per unit length.  
 
 SV = 0.429 (NL)∥+1.571 (NL)⊥, for cold rolled steels (5.12) 
 
where, (NL)‖ and (NL)⊥ are the intercept umbers per unit length along RD and normal direction 
(ND), respectively.  
The total stored energy (SEtot) is taken to be the sum of the energy stored in the sub-grain 
boundaries (SEd) and HAGBs (SEHAGB), which is given in Eq. 5.13 
 
 SEtot= SEd+SEHAGB (5.13) 
5.3 Austenite Formation Studies with Al Contents 
5.3.1 Annealing Stimulations 
In order to investigate the effect of Al on austenite formation during heating and isothermal 
holding during intercritical annealing, special heat treatments were applied in this study. 
Fig. 5.3 shows the schematic heat treatment used to study the austenite formation in steels 
with different Al contents, which was stimulated in an MTS 458 system with a quartz filament 
furnace. The cold rolled steels were reheated to the 740°C, 770°C and 800°C at +5°C s−1. After 
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isothermal holding for 5s, 15s, 30s, 60s, 180s, 600s, 1800s and 3600s, the samples were water 
quenched to room temperature. Since all the intercritically formed austenite is assumed to 
transform to martensite by water quenching, the martensite volume percentage (fm) is supposed to 
equal to the volume fraction of intercritically formed austenite (fγ). The values of fγ in different 
conditions were measured and recorded. Also, the equilibrium fraction of austenite at different 




Figure 5.3 The schematic illustration of austenite formation studies of steels with different Al contents 
5.3.2 Material Characterizations 
The water-quenched specimens were sectioned, mounted, ground, polished and etched 
with 2% Nital etchant. The microstructures of these samples were characterized by a FEI Apreo 
SEM at an accelerating voltage of 20 kV and a spot sized of 15. The fraction of martensite was 
determined by using manual pointing counting method from ASTM E562-19 [149]. The SEM 
images of randomly selected three positions in each sample were selected for martensite fraction 
determination. Each SEM micrograph was covered with an array of 20 × 20 (400 in total) points 
formed by a grid, and the number of points falling in the martensite area was counted and recorded. 
 47 
5.4 Microstructure – Property Relationship Study 
5.4.1 Mechanical Testing 
The sub-sized dogbone-like tensile test specimens were machined from the fully annealed 
DP steels with the dimensions of 1.2 mm thickness, 6 mm gage width and 10 mm gage length 
along the transverse direction (TD), following ASTM E8-16 [150]. Uniaxial tensile tests were 
conducted by a ZwickRoell Z100 tensile tester, at a strain rate of 10-4 s−1.  
5.5 Stretch-Flangeability Investigation 2 
5.5.1 Hole Expansion Testing  
The hole expansion tests are primarily used in dissertation to help determine the sheared 
edge cracking resistance of the candidate DP steels. It was performed in accordance with ISO 
16630 [151], by using a BAMPRI hole expansion tester reconstructed from a Tinius Olsen 
formability test machine equipped with conical punch, dies, camera, video output and power 
supply [152,153].  
From the requirements of ISO 16630, the tested materials should be machined into the 
HER blanks in the dimension of 100 mm × 100 mm × thickness with a 10-mm-diameter central 
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hole. However, the candidate DP steels in this study were given two CGL simulations conducted 
by a Gleeble 3800 machine. The largest dimensions of the Gleeble blanks are 100 mm in length × 
80 mm × thickness with a 30-mm-diamter heated zone in center. From previous BAMPRI 
experimental results, HER values were not importantly affected by the dimensions of HER blanks. 
So, the HER blanks with the dimension of 100 mm in length × 80 mm in width × 1.2 mm in 
thickness were applied in this study. 
Fig. 5.4 displays the entire procedure of hole expansion testing, including hole punching, 
shearing and expansion. In the process of shearing, the 10-mm-diameter punched hole was 
expanded by a conical punch at a constant rate of (~ 3 mm mm−1), and the test was considered 
complete and final hole diameter measured when a through-thickness edge crack was observed. 











Figure 5.4 The schematic process of hole expanding (a) before hole punching, (b) after hole punching, (c) before 
shearing and (d) after shearing [151]. 
5.5.2 Microstructural Observation after Hole Punching 
The microstructural damages caused by hole punching are reported to have effects on hole 
expansion performances of AHSSs [29,117,125]. In the present study, the HER blanks with the 
initial punched hole were sectioned. Two critical areas, the initial punched hole and the shear 
affected zone (SAZ) near the initial punched hole shear edge, as seen in Fig. 5.5 were examined 
by a FEI Apreo SEM at an accelerating voltage of 20 kV and a spot sized of 15. Prior to SEM 
characterization, the initial punched hole area was ultrasonically cleaned by alcohol to remove dirt, 
oil and debris caused by cutting and SAZ was sectioned, mounted, ground, polished and etched by 




Figure 5.5 Positions for SEM characterization  
5.5.3 Local Internal Plastic Strains Study  
Punching damages still can be quantified as plastic strains for fully annealed DP with both 
GI and SC anneals. Thus, the internal plastic strains introduced in the SAZ near the initial punched 
hole shear edges were examined by EBSD and nanoindentation technologies. Fig. 5.6 shows the 
different positions in the SAZ near the initial punched hole sheared edges. 
 
 
Figure 5.6 Positions for the examination of internal plastic strains casued by hole punching with (a) EBSD-
KAM and (b) nanoindentation technologies 
 
EBSD-KAM method is one of the most effective way to measure the local misorientations 
illustrating internal plastic strain distributions, i.e., local dislocation density, introduced by the step 
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of hole punching. In this method, the local misorientation is calculated by averaging all 
misorientations of spots with respect to the center spot within a kernel [110]. KAM values are 
considered to reflect the geometrically ρGND associated with the plastic deformation gradients 
[112]. So, with this consideration, the local misorientations of the areas in the distance of 0−600 
μm from position A (near the burnished and fracture transition zone) and position B (near the 
middle of fracture zone), as seen in Fig. 5.6 (a), were assessed by a FEI Scios dual beam SEM 
combined with a EDAX EBSD detector and the fixed operating parameters, i.e., an accelerating 
voltage of 20kV, the currency of 13 nA, the working distance of 14 mm, a magnification of 2000×, 
and the step size of 100 nm. KAM values were analyzed by using OIM AnalysisTM v8 software. 
Additionally, the correlation between KAM results and local equivalent strains (εeq) was given in 
Eq. 5.15 [154], by combining EBSD-KAM and digital image correlation (DIC) methods. 
 














In the wake of hole punching, both ferrite and hard constituents in SAZs near the initial 
punched hole sheared edges would be sheared, introducing lattice defects by plastic deformation, 
leading to the increase in hardness. So, nanoindentation is another useful way of quantifying the 
damages caused by hole punching. As shown in Fig. 5.6 (b), the nanohardness values of both ferrite 
and hard constituents (fresh martensite in the GI annealed DP steels or tempered martensite in the 
fully annealed DP steels with SC anneal) were determined in four test positions. Positions A and 
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B were described above. Position C is the area, 300 μm away from Position B, and position D is 
the bottom of the fracture zone. An array of 5 × 5 (25 in total) of indentations were performed, by 
using a Hysitron TI900 Triboindenter, on the final polished surface for each position with a load 
of 2000 μN, and the distance between each indentation was 6 μm to avoid the potential effect of 
overlapping plastic zones. The nanoindentation results were determined by applying the Oliver-
Pharr method [155]. The microstructures with 25 nano-indents in each tested position were 
revealed by a 2% Nital etching reagent and observed via SEM. 
5.5.4 Micro-Fracture Mechanism Study 
In order to study the micro-mechanism of fracture occurring in the punched hole surfaces 
of HER blanks during HET, incomplete or partial HETs were conducted. HER blanks of one 
selected condition, with the dimensions of 100 mm × 80 mm along with a 10 mm diameter punched 
hole in the center, were tested with the HER values of 0%, 5%, 10%, 15% and 25%. One half of 
the final hole surfaces along the TD of HER samples (Figure 5.7) with different HERs were cut 
and ultrasonically cleaned in ethanol to remove oil, iron debris particles and dust inadvertently 
added during cutting, followed by observing via SEM. 
 
 
Figure 5.7 The schematic illustration of final hole surface (highlighted in orange color) after hole expanding. 
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6.0 Stored Energy Evaluation 3 
6.1 Results 
6.1.1 The Microstructures of the Starting Conditions  
In examining the microstructures of the starting conditions prior to intercritical annealing, 
it is essential to make appropriate phase identification as well as microstructural features of both 
hot band coils and cold rolled sheet steels. So, OM imaging was applied to assess the samples with 
different pre-annealing conditions (i.e., Al, V contents and coiling temperatures). 
As shown in Figure 6.1 (a) is the OM micrograph of the steel condition the LLL HB 
(0.04Al-0.06V-CT580ºC), consisting of ferrite and pearlite. The ferrite matrix is comprised of 
polygonal and acicular ferrite morphologies. Additionally, the banded polygonal ferrite-pearlite 
mixture is observed in the OM micrograph of the steel condition of LLH HB (0.04Al-0.06V-
CT677ºC), as seen in Fig. 6.1 (b). 
Table 6.1 lists the microstructural characteristics of the hot band coils studied. From Table 
6.1, pearlite volume percentages of different steel conditions range from 24.1% to 41.1%. Fig. 6.2 
presents the effects of Al and V contents along with coiling temperatures on average ferrite grain 
size, based on the data in Table 6.1. The findings in Fig. 6.2 show that the 0.4 wt.% Al- bearing 
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steel conditions have the finest-grained ferritic microstructure, among other Al contents. V 
contents slightly coarsen ferrite grain sizes. Also, ferrite grain sizes increase with the increase in 
coiling temperature from 580ºC to 677ºC. 
 
 
Figure 6.1 The OM micrographs of the hot rolled steels of steel condtions: (a) LLL HB (0.04Al-0.06V-CT580ºC) 
and (b) LLH HB (0.04Al-0.06V-CT677ºC).  
 
Fig. 6.3 displays the cold rolled microstructures of steel conditions of LLL CR (0.04Al-
0.06V-CT580ºC) and LLH CR (0.04Al-0.06V-CT677ºC). In these two conditions, both ferrite 
grains and pearlite colonies are deformed and elongated along the rolling direction (RD). In 
contrast to coarse, deformed polygonal ferrite observed in the candidate DP steels with a high 
coiling temperature of 677ºC, the ferrite grains are compacted so tightly that the ferrite grain 
boundaries are barely visible for the steel condition coiled at 580ºC. In addition, after cold rolling, 
a large amount of cementite is found located at the deformed ferrite grain boundaries in the OM 





Table 6.1 Microstructural features (i.e., ferrite grain size (d⍺), ferrite volume fraction (fv(⍺)) and pearlite volume 
fraction (fv(P)) of hot rolled steels 
IDs d⍺ (µm) fv(⍺) (%) fv(P) (%) 
LLL HB 5.57±3.08 69.3 30.8 
LLH HB 8.70±4.17 71.5 28.5 
LHL HB 5.68±3.47 74.3 25.7 
LHH HB 9.22±4.56 67.7 32.3 
MLL HB 4.44±2.79 61.7 38.3 
MLH HB 6.08±3.58 58.9 41.1 
MHL HB 5.06±3.40 71.1 28.9 
MHH HB 6.71±3.92 65.5 34.5 
HLL HB 5.22±3.34 68.5 31.5 
HLH HB 7.66±3.58 75.9 24.1 
 
 
Figure 6.2 Effects of Al and V additons and coiling temperatures on ferrite grain sizes of hot band coils  
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Figure 6.3 OM micrographs of cold rolled steel sheets of steel condtions: (a) LLL CR (0.04Al-0.06V-CT580ºC) 
and (b) LLH CR (0.04Al-0.06V-CT677ºC).  
6.1.2 Microstructural Analysis with EBSD Technology 
EBSD is one of the mainstream materials characterization technologies used for providing 
information associated with crystallographic orientation, grain size and grain boundary 
misorientation, and local strain of materials studied [141,156]. Figure 6.4 displays the EBSD 
mappings (i.e., image quality (IQ), inverse pole figure (IPF), KAM and SE sub-grain) of HLL 
(0.8%Al-0.06%V-CT580ºC) and HLH (0.8%Al-0.06%V-CT677ºC) with both hot rolled and cold 
rolled conditions.  
Figs. 6.4 (a)−(d) show the EBSD-IQ maps of steel conditions of HLL HB, HLL CR, HLH 
HB and HLH CR. EBSD-IQ maps are generated from election backscattered diffraction patterns 
and the contrast in maps are mainly caused by internal strains [142,157] due to the difference in 
dislocation density. In IQ maps, the light gray area reveals the low strain region with low 
dislocation density, while the dark gray area represents high strain region with high dislocation 
density. Also, the black lines denote the HAGBs (>15º). From Fig. 6.4 (a), the microstructure of 
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HLL HB (CT580ºC) predominantly consists of acicular ferrite and refined polygonal ferrite with 
a higher strain contrast, resulting a lower IQ value, since acicular ferrite transforms from a low 
coiling temperature (580ºC in this study) with a high dislocation density. While, the strain contrast 
and IQ value are much lower in Fig. 6.4 (c), the IQ map of HLH HB (CT677ºC), and this steel 
condition is characterized by a large amount of coarse polygonal ferrite. The transformation of 
coarse polygonal ferrite is at a high coiling temperature (677ºC in this study) with a low dislocation 
density. So, the dislocation density differences in acicular ferrite and polygonal ferrite result in 
different strain contrasts and IQ values. Regarding the IQ maps of the cold rolled steel conditions, 
much higher strain contrast is observed in Fig. 6.4 (b) and (d), which is due to considerable lattice 
defects, mainly dislocations were introduced by plastic deformation (i.e., 60% cold reduction in 
this study).  
The EBSD-IPF maps of steel conditions of HLL HB, HLL CR, HLH HB and HLH CR 
with a unit triangle showing the color code for the crystallographic orientation of ferrite grains are 
displayed in Figs. 6.4 (e)−(h). Different colors show different orientation, i.e., red, blue and green 
denote {001}, {011} and {111} lattice planes, respectively, with respect to the rolling direction 
(RD). 
Figs. 6.4 (i)−(l) provide the color coded EBSD-KAM maps of steel conditions of HLL HB, 
HLL CR, HLH HB and HLH CR. In EBSD analysis, local misorientation denotes the strain 
distribution of the metal and alloys studied [110,158], and KAM is the one of the most useful 
approaches. In this method, for any spot in the kernel for square grids, its misorientation is 
calculated by averaging the misorientations of all the spots within the kernel. In these KAM maps, 
the color distribution represents the local strain distribution of the samples [110] with different 
pre-annealing conditions, which is in agreement with the strain contrast shown in EBSD-IQ maps. 
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Cold colors (blue and green) and warm colors (yellow, orange and red) represent low internal 
strains (or low dislocation density) and high internal strains (or high dislocation density), 
respectively. The results indicate that a higher internal plastic strain or dislocation density can be 
observed for the steel condition of a low coiling temperature of 580ºC combined with 60% cold 
reduction. 
The stored energy distribution is exhibited by the intensity of red color shown in EBSD-
SEd maps, applying sub-grain method, as seen in Figs. 6. 4 (m)−(p). Similar to the results found in 
EBSD-IQ and EBSD-KAM maps, sample HLL (0.8%Al-0.06%V-CT580ºC) CR has the highest 




Figure 6.4 EBSD mappings: HLL (0.8%Al-0.06%V-CT580ºC) HB (a) IQ, (e) IPF, (i)KAM and (m) SEd sub-grain; 
HLL CR (b) IQ, (f) IPF, (j)KAM and (n) SEd sub-grain; HLH (0.8%Al-0.06%V-CT677ºC) HB (c) IQ, (g) IPF, (k) 
KAM and (o) SEd sub-grain; and HLH CR (d) IQ, (h) IPF, (l) KAM and (p) SEd sub-grain. 
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6.1.3 Vickers Hardness Measurements  
Table 6.2 displays the microhardness (Vickers hardness 300gf) values of hot band coil and 
cold rolled steel sheet of each condition, which are affected by V contents, coiling temperature and 
cold reduction. From Table 6.2, increasing Al contents from 0.06 wt.% to 0.12 wt.% results in the 
increase in hardness for both hot band coils and cold rolled steel sheets. For example, the Vickers 
hardness values of LHL (0.04%Al-0.12%V-CT580ºC) HB and LHL CR are increased from 216.2 
HV to 232.6 HV and from 308.0 HV to 341.1 HV, respectively, compared with the those of LLL 
(0.04%Al-0.06%V-CT580ºC) HB and LLL CR, since more VC precipitates formed during the 
transformation from finish rolling to coiling. Additionally, the results in Table 6.2 reveal that the 
reduction in coiling temperature from 677ºC to 580ºC leads to the higher Vickers hardness values 
for both hot rolled and cold rolled specimens. Taking the steel conditions of HLL (0.8%Al-
0.06%V-CT580ºC) and HLH (0.8%Al-0.06%V-CT677ºC) as an example, the Vickers hardness of 
the hot band coil and cold rolled steel sheet for HLL are reduced by 32.8% and 6.7%, respectively, 
as coiling temperatures increases from 580ºC to 677ºC. Polygonal ferrite with low dislocation 
densities or sub-grain structures were found in the microstructures of candidate DP with a high 
coiling temperature of 677ºC, while the DP steels coiled at 580ºC were characterized by a large 
amount of acicular ferrite with high dislocation densities or sub-grain structures [159]. The 
combination of the differences in the dislocation densities and precipitation hardening increments 
led to the differences in average macro-hardness values. In addition, lattice defects, mainly 
dislocation were introduced by 60% cold work in this dissertation. As a result, the Vickers hardness 
of the cold rolled steel sheets of all steel conditions are increased by 27% - 56%, as seen in Table 
6.2. Otherwise, little if any significant hardness differences were found between both hot band 
coils and cold rolled steel sheets containing different Al levels. 
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LLL 216.2 ± 5.6 308.0 ± 3.9  LLH 181.9 ± 10.7 273.3 ± 8.7 
LHL 232.6 ± 14.4 341.1 ± 8.1  LHH 193.3 ± 6.9 281.6 ±8.3 
MLL 215.8 ± 9.6 302.1± 8.0  MLH 178.8 ± 7.4 266.1 ± 5.1 
MHL 243.1 ± 7.3 333.6 ± 4.0  MHH 196.2 ± 6.4 291.4 ± 5.4 
HLL 225.5 ± 6.7 286.9 ± 10.9  HLH 171.4 ± 5.3 267.7 ± 4.8 
6.1.4 The Assessment of Stored Energy with Three Methods Based on EBSD Technology 
Sub-grain, IQ and KAM approaches based on EBSD technology were utilized to estimate 
the stored energy of hot rolled and cold rolled steels with different pre-annealing conditions. 
6.1.4.1 Sub-Grain Method 
Table 6.3 shows the stored energy of the hot band coils and cold rolled steel sheets of each 
steel condition, estimated by applying the sub-grain method with the sub-grain misorientation limit 
of 6º. Applying this method to the steel conditions studied, there are two sources of GND 
dislocations expected to form sub-grain boundaries: one from the transformation austenite to 
martensite, and a second from the cold reduction. The internal strain energy is stored in these 
dislocation structures [100]. This is believed to be followed by dynamic recovery where the 
dislocations are rearranged into cells by climb of edge and cross slip of screw dislocations.  
The results in Table 6.3 show that increasing coiling temperature results in a decrease in 
the stored energy of both hot rolled and cold rolled steels, since acicular ferrite transformed at a 
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low coiling temperature of 580ºC, containing high dislocation densities or sub-grain structures, 
while the polygonal ferrite with low dislocation densities or sub-grain structures were observed in 
the microstructure of hot rolled DP steels with a high coiling temperature of 677ºC [159]. This is 
despite the presence of strengthening precipitates formed at the higher coiling temperatures, as 
found repeatedly in earlier investigations [28]. The higher stored energy associated with the higher 
dislocation density found at 580ºC apparently overwhelms the higher stored energy associated 
with the strengthening precipitates found at 677ºC.  
Additionally, cold work is another factor causing the difference in the stored energy. It is 
apparent, from Table 6.3, that the stored energy of cold rolled steels was increased by 99%−233%, 
compared with the counterparts of hot band coils, since 60% cold work was consumed by forming 
dislocation structures [99]. 
 











LLL 1.44 3.06  LLH 0.93 2.17 
LHL 1.16 2.70  LHH 0.84 2.37 
MLL 1.27 3.21  MLH 0.69 2.30 
MHL 1.19 3.01  MHH 0.94 2.15 
HLL 1.37 2.73  HLH 0.81 2.04 
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6.1.4.2 IQ Method 
Previous researchers pointed out that each IQ value calculated from the Hough Transform 
was associated with the degree of lattice imperfection [143]. The distortion of lattices caused by 
the introduction of defects, such as dislocations, affects electron backscattered Kikuchi diffraction 
patterns, resulting in lower IQ values [141] and causing stronger strain contrasts in EBSD-IQ maps. 
For example, the HLL HB is characterized by a large amount of acicular ferrite with high 
dislocation densities or sub-grain boundaries, seen in Fig. 6.4 (a), while the microstructures of 
HLH predominately consist of polygonal ferrite with low dislocation densities or sub-grain 
boundaries, as seen in Fig. 6.4 (c). The difference in dislocation densities leads to the difference 
in IQ values. 
In this dissertation, the reconstructed IQ results determined by applying Eq. 5.6, were 
normalized to range from 0 to 10. So, the reconstructed IQ values are positively related to 
dislocation densities or internal plastic strains. Fig. 6.5 presents the distributions of reconstructed 
IQ values of both hot rolled and cold rolled for steel conditions of HLL (0.8%Al-0.06%V-
CT580ºC) and HLH (0.8%Al-0.06%V-CT 677ºC). Also, the mean reconstructed IQ values (IQmean) 
for HLL HB, HLH HB, HLL CR and HLH CR are also shown in Fig. 5.6. The results reveal that 
IQmean (CT580ºC, CR) > IQmean (CT677ºC, CR) > IQmean (CT580ºC, HB) > IQmean (CT677ºC, HB). 
This indicates that, in terms of candidate DP steels containing 0.8 wt.% Al and 0.06 wt.% V, the 
combination of a low coiling temperature of 580ºC and 60% cold work results in the highest stored 




Figure 6.5 The distributions of reconstructed IQ values for selected steel conditions with hot band coils of (a) 
HLL (0.8%Al-0.06%V-CT580ºC) and (c) HLH (0.8%Al-0.06%V-CT 677ºC) and cold rolled steel sheets of (b) 
HLL and (d) HLH.  
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6.1.4.3 KAM Method 
The values of KAM, ρGND (calculated by using Eq. 5.8) and SEd (calculated by using Eq. 
5.9) of both hot rolled and cold rolled DP steels with different pre-annealing conditions are listed 
in Table 6.4. Also, these results show that pre-annealing conditions, especially coiling 
temperatures and cold rolling, affect the stored energy. From Table 6.4, the combination of a CT 
of 580°C and 60% cold reduction can result in the highest stored energy. 
 
Table 6.4 The results of KAM and calculated values of ρGND and SEd for both hot rolled and cold rolled steels 



















LLL HB 0.568 4.00 1.01  LLL CR 1.302 9.16 2.31 
LLH HB 0.347 2.44 0.62  LLH CR 1.146 8.06 2.03 
LHL HB 0.519 3.65 0.92  LHL CR 1.289 9.07 2.29 
LHH HB 0.409 2.88 0.73  LHH CR 1.223 8.60 2.17 
MLL HB 0.617 4.34 1.09  MLL CR 1.288 9.06 2.28 
MLH HB 0.380 2.67 0.67  MLH CR 1.220 8.58 2.16 
MHL HB 0.634 4.46 1.12  MHL CR 1.315 9.25 2.33 
MHH HB 0.395 2.78 0.7  MHH CR 1.203 8.46 2.13 
HLL HB 0.585 4.11 1.04  HLL CR 1.202 8.45 2.13 
HLH HB 0.384 2.70 0.68  HLH CR 1.110 7.81 1.97 
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6.1.4.4 HAGB Energy 
The total stored energy of both hot rolled and cold rolled DP steels, as given in Eq. 5.13, 
comprises the contribution from both sub-grain boundaries within ferrite grains and ferrite HAGBs.  
Table 6.5 lists the HAGB energy (SEHAGB) calculated by Eq. 5.10. The ferrite SEHAGB 
values for both hot band coils and cold rolled steel sheets of each pre-annealing condition only 
account for 11.4% - 24.6% of SEd results, as seen in Table 6.3, evaluated by sub-grain method. 
This indicates that the dislocation structures (i.e., shear bands, cells or cell walls) are the 
predominate stored energy source, governing the kinetics of ferrite recrystallization and austenite. 
Otherwise, the energy contributed from HAGBs is still critical and the SEHAGB of the steel 
conditions containing a low coiling temperature and cold reduction holds a higher value. 
 











LLL 0.21 0.50  LLH 0.16 0.33 
LHL 0.25 0.47  LHH 0.18 0.27 
MLL 0.26 0.51  MLH 0.17 0.33 
MHL 0.22 0.43  MHH 0.19 0.25 




6.2.1 The Comparison among Three Stored Energy Assessment Approaches 
Three approaches, by using EBSD technology, of stored energy estimation (sub-grain, IQ 
and KAM) for both hot rolled and cold rolled DP steels with several pre-annealing conditions were 
studied and compared in this chapter. Sub-grain and KAM methods quantitively determine the 
stored energy, however, IQ method roughly reflect a trend for the stored energy of different steel 
conditions. Also, these three methods attempt to determine the grain-center stored energy 
associated with the internal strains in the ferrite matrix caused by dislocation density, not including 
the extra HAGB energy contributed from the changes in ferrite grain shape during 60% cold rolling. 
Figs. 6.6 (a) and (b) show the comparison in stored energy determined by the application 
of sub-grain and KAM methods of hot rolled and cold rolled DP steels with different pre-annealing 
conditions. The results as shown in Fig 6.6 indicate that, concerning most steel conditions, the 
stored energy values evaluated by using sub-grain method (SEd (sub-grain)), without including the 
extra ferrite HAGB energy (SEHAGB), are much higher, compared with those assessed by KAM 
method (SEd (KAM)). Taking the steel condition of MLL (0.4Al-0.06V-CT580ºC) as an example, 
the stored energy values of MLL HB, by using sub-grain and KAM methods are 1.27 J cm−3, Table 
6.3, and 1.09 J cm−3, Table 6.4, respectively. Also, the stored energy of MLL CR calculated by 
sub-grain method is about 0.93 J cm−3 larger than that of MLL CR determined by KAM approach, 
Tables 6.3 and 6.4. In addition, if the extra ferrite HAGB energy (SEHAGB) is included, the total 
stored energy (SEtot), the sum of SEd estimated by sub-grain method and SEHEAB, is still higher 
than (SEtot), which is the combination of SEd evaluated with KAM approach and SEHEAB.  
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Fig. 6.7 (a) plots the relationship between the Vickers hardness (VHN, Table 6.2) and the 
stored energy determined by the sub-grain method (SEd (sub-grain), Table 6.3) and KAM approach 
(SEd (KAM), Table 6.4), respectively. The linear regression equations of VHN vs SEd (sub-grain) 
and VHN vs SEd (KAM) are given in Eqs. 6.1 and 6.2. 
 
 VHN = SEd (sub-grain) × 58.1 + 144.7 (6.1) 
 
 VHN = SEd (KAM) × 71.1 + 142.3 (6.2) 
 
The coefficients of determination (R2) of linear relationship for VHN vs SEd (sub-grain) is 0.87, 
while the R2 value for VHN vs SEd (KAM) is 0.89, interpreting the fact that the nature of stored 
energy is highly associated with the Vickers hardness of the DP steels studied. 
Fig. 6.7 (b) displays the correlation between the macro-hardness (VHN, Table 6.2) and the 
total stored energy (SEtot), comprising ferrite HAGB energy (SEHAGB) and sub-grain boundary 
(SEd) estimated by sub-grain or KAM methods. From the linear correlations obtained in Fig. 6.7 
(b), VHN can be expressed as a function of SEtot (sub-grain) or SEtot (KAM), Eqs. 6.3 and 6.4. 
 
 VHN = SEtot (sub-grain) × 51.3 + 142.6 (6.3) 
 
 VHN = SEtot (KAM) × 62.4 + 137.1 (6.4) 
 
where, SEtot (sub-grain) and SEtot (KAM) were defined by Eqs. 6.5 and 6.6, respectively. 
 
 SEtot (sub-grain) = SEd (sub-grain) + SEHAGB (6.5) 
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 SEtot (KAM) = SEd (KAM) + SEHAGB (6.6) 
 
As SEHAGB is included, the coefficients of determination (R
2) of linear relationship for VHN vs 
SEtot (sub-grain) is 0.88, while the R
2 value for VHN vs SEd (KAM) is 0.92, which shows that 
SEtot, including the extra extra SEHAGB, better fits the data among the relationships for VHN vs 
SEtot (sub-grain) and VHN vs SEtot (KAM). 
 
 
Figure 6.6 The comparison in stored energy determined by the application of sub-grain (SEd (sub-grain)) and 
KAM (SEd (KAM)) methods of (a) hot rolled and (b) cold rolled DP steels with different pre-annealing 
conditions.  
 
After plastic deformation, the cold work is often manifested by forming dislocation 
structures such as deformation bands, cells [99] and cell walls. Similar to grain boundaries and 
twin boundaries, dislocation cell boundaries (also called sub-grain boundaries) originate from 
geometrically necessary dislocations. But, cell boundaries follow the low energy dislocation 
structures (LEDS) principle [160]. So, the misorientations of cell boundaries are much smaller 
than those of grain boundaries and twin boundaries. In contrast, deformation bands and cell walls 
belong to the incidental dislocation boundaries resulting from statistically mutual random trapping, 
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often supplemented by “forest” dislocations [161]. In addition, most dislocations are placed in 
dislocation cell walls [162] and the misorientations of dislocation cell walls or shear bands are 
much smaller than those of cell boundaries. Calcagnotto et al.’s [112] work suggested that only 
the geometrically necessary dislocation densities could be calculated from KAM values, which 
means that energy stored in other dislocation structures such as deformation bands or cell walls 
cannot be obtained from the KAM method. This suggests that the KAM method is less accurate 
than the sub-grain boundary method. So, SEd (sub-grain) and SEd (KAM) are given in Eqs. 6.7 and 
6.8, 
 
 SEd(sub-grain) = SEdeformation bands + SEcells + SEcell walls , while (6.7) 
 
 SEd(KAM) = SEcells  (6.8) 
 
The differences in stored energy values between these two methods is due to the difference 
between Eqs. 6.7 and 6.8, shown above. 
 
 
Figure 6.7 The correlations of (a) VHN vs SEd (sub-grain) or VHN vs SEd (KAM) and (b) VHN vs SEtot (sub-
grain) or VHN vs SEtot (KAM). 
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6.2.2 The Effects of Pre-Annealing Conditions on Stored Energy 
In this study, the stored energy of DP steels with several initial pre-annealing conditions 
were investigated. Fig. 6.8 shows the effect of coiling temperatures on the total stored energy 
calculated by the sub-grain method for both DP hot band coils and cold rolled sheets. It is noticed 
that the stored energy values for steels with a low coiling temperature of 580ºC are higher than 
those for steels coiled at 677ºC. The low temperature coiled steels are characterized by the 
existence of a larger volume fraction of acicular ferrite with high dislocation densities or more sub-
structures, while the microstructures for steels coiled at 677ºC consist of polygonal ferrite with 
low dislocation densities [159], but high precipitation hardening increments. The difference in 
dislocation densities of these two types of ferrite appears to be the dominant feature leading to the 
difference in the total stored energy values. 
 
 
Figure 6.8 The comparison in stored energy determined by the application of sub-grain (SEd (sub-grain)) for 
hot rolled and (b) cold rolled steels with two different coiling temperatures (580ºC and 677ºC).  
 
In addition to the coiling temperatures, cold reductions also have a critical influence on 
stored energy. Fig. 6.9 presents the total stored energy evaluation based on the sub-grain method 
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for DP hot band coils (without cold work) and cold rolled sheets (with 60% cold work). It should 
be emphasized that the total stored energy values of cold rolled sheets are higher than those of hot 
band coils with the same chemical compositions as well as coiling temperatures. In this case, after 
60% cold rolling, cold work was consumed by forming numerous dislocation structures such as 
shear bands, cells [99] and cell walls and elastic strain energy was stored in the sub-grain 
boundaries within the ferrite matrix. It can be expected that the higher stored energy obtained from 
cold rolling increases the rates for ferrite recrystallization and austenite formation during the 
heating portion and isothermal intercritical annealing in the limited annealing time (~60 s) 
available in continuous galvanizing lines (CGL). 
 
 
Figure 6.9 The total stored energy evaluation based on the sub-grain method (SEtot (sub-grain)) for steels with 
and without 60% cold reduction.  
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6.3 Conclusions 
The main purposes of this chapter were to compare three stored energy evaluation methods 
(sub-grain, IQ and KAM) for DP steels with different initial conditions, and to investigate the 
effects of pre-annealing conditions (i.e., with change in coiling temperatures at constant cold 
reduction) on the stored energy. The findings can be summarized as follows. 
(1) Both sub-grain and KAM approaches can predict the specific stored energy values for 
DP steels. Compared with the sub-grain method, the KAM method highly underestimates the 
stored energy, since only the energy stored in dislocation cells is considered in this approach. 
Regarding the sub-grain method, all the dislocation structures (i.e., shear bands, cells and cells 
walls) are taken into consideration. Although IQ method cannot quantitatively predict the stored 
energy values, this method does help to show the trends of stored energy for steels with initial pre-
annealing conditions. 
(2) The minority of stored energy comes from HAGB energy, which accounts for about 
11.4% - 24.6% of the energy stored in dislocation structures, but it is still critical to reflect the 
hardness. 
(3) The stored energy varies with both coiling temperatures and cold reductions. At a low 
coiling temperature, acicular ferrite nucleates and grows with high dislocation densities, while 
polygonal ferrite with low dislocation densities exists in the microstructures of steels coiled at a 
high coiling temperature. The difference in dislocation density results in the difference in stored 
energy. In terms of cold reduction, the cold work is consumed by forming dislocation structures 
(shear bands, cells and cell walls), so the stored energy values of cold rolled sheets are always 
higher than those of hot band coils.  
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(4) The DP steels with the combination of low coiling temperature and low cold reduction 
have the highest stored energy, providing more initial driving force for ferrite recovery and 
recrystallization as well as austenite nucleation and growth during the subsequent intercritical 
annealing.  
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7.0 Austenite Formation Studies with Al Contents 
7.1 Results 
7.1.1 Fe-Fe3C Phase Diagram 
The Fe- Fe3C phase diagrams and critical temperatures (A1, A3 and Acm) for DP steels with 
different Al and V contents were estimated by applying JMatPro, seen in Fig. 7.1. Comparing the 
phase diagrams for three Al levels (0.04/0.4/0.8 wt.% Al), it is obvious that Al (as a ferrite 
stabilizer) increases both A1 and A3 temperatures and expands dramatically ⍺ + γ two phase region. 
The corresponding values are recorded in Table 7.1. For example, in terms of the steel conditions 
of LL (0.04Al-0.06V), ML (0.4Al-0.06V) and HL (0.8Al-0.06V), the A1 temperature raises from 
707.6°C to 714.8°C and to 724.2°C, as seen in Fig. 7.1 and Table 7.1, with increasing Al content 
from 0.04 to 0.4 and to 0.8 wt.%. Also, the relevant A3 temperatures of LL (0.04Al-006V), ML 
(0.4Al-0.06V) and HL (0.8Al-0.06V) are 808.6°C, 848.1°C and 911.7°C. As a result, A3 – A1 
temperature range varies with Al contents, starting from 101.0°C (LL (0.04Al-0.06V)) to 187.5°C 
(HL (0.8Al-0.06V)), Table 7.1. Additionally, the effect of V contents on Fe-C diagram is not 
evident. The V content starting from 0.06 wt.% to 0.12wt% only slightly increases A1 and A3 




Figure 7.1 The Fe-C phase diagrams for candidate DP steels, illustrating effects of Al and V contents on Fe-C 
phase diagram (critical temperatures were estimated by JMatPro) 
 
Table 7.1 Effects of Al and V on critical temperatures A1 and A3 
IDs Steel Conditions A1 (°C) A3 (°C) A3 − A1 (°C) 
LL 0.15C-0.04Al-0.06V 707.6 808.6 101.0 
LH 0.15C-0.04Al-0.12V 712.1 811.8 99.7 
ML 0.15C-0.4Al-0.06V 714.8 848.1 133.3 
MH 0.15C-0.4Al-0.12V 719.9 852.3 132.4 
HL 0.15C-0.8Al-0.06V 724.2 911.7 187.5 
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7.1.2 CCT Diagram 
Fig. 7.2 presents the CCT diagrams estimated by JMatPro from full austenite region 
(cooling from the FRT of 920°C) for candidate DP steels with different Al and V levels. The effects 
of cooling rates on transformation temperatures for austenite decomposition products are shown 
in Fig. 7.2, with ferrite, pearlite, bainite and martensite start temperatures and martensite finish 
temperature labeled by Fs, Ps, Bs, Ms and Mf, respectively. Table 7.2 lists the transformation 
cooling rate of 15°C s−1, since 15°C s−1 is the cooling rate applied in the two Gleeble CGL 
simulations used in this research.  
The comparison of CCT diagrams for the candidate DP steels with different Al contents 
illustrates that the Fs temperature increases with increasing Al contents starting from 0.04 wt.% to 
0.8 wt.%, Fig. 7.2. Regarding the steel conditions of LL (0.04Al-0.06V), ML (0.4Al-0.06V) and 
HL (0.8Al-0.06V), the Fs temperature dramatically increases from 537.0°C (LL (0.04Al-0.06V)) 
to 784.4°C (HL (0.8Al-0.06V)) at a cooling rate of 15°C s−1, Table 7.2. Also, the Al contents 
expand the ferrite formation zone to the higher cooling rates from 20°C s−1 (LL (0.04Al-0.06V)) 
to more than 100°C s−1 (HL (0.8Al-0.06V)). This means that the high Al content lowers austenite 
stability and new ferrite formation cannot be avoided during intercritical annealing even at a higher 
cooling rate, which will reduce the amount of fresh martensite and thus cause the loss of UTS. 





Figure 7.2 The CCT diagrams estimated by JMatPro from full austenite region for candiadte DP steels with 
conditions of (a) LL (0.04Al-0.06V), (b) LH (0.04Al-0.12V), (c) ML (0.4Al-0.06V), (d) MH (0.4Al-0.12V) and (e) 
HL (0.8Al-0.06V). 
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The Al content reduces austenite stability and hence advances pearlite transformation at a 
relatively high cooling rate, for instance, 5°C s−1 (for 0.8Al), Fig. 7.2. Since 15°C s−1 is the cooling 
rate applied in two Gleeble CGL simulations, pearlite can be totally avoided in the final 
microstructures.  
The Bs temperatures vary with Al contents from 513.3°C (for 0.04 wt.% Al) to 503.8°C 
(for 0.8 wt.% Al), in terms of the cooling rate of 15°C s−1, as seen in Table 7.2. The existence of 
bainite makes martensite not the predominate phase as the cooling rate exceeds 15°C s−1 within 
the CCT diagram. As a result, martensite is not the only second phase in the final microstructures 
of the fully annealed DP steels, even at a cooling rate of 100°C s−1. This will hinder the ability of 
these steels to reach high UTS levels. 
In terms of martensite transformation, The Ms and Mf temperatures decrease as the cooling 
rate falls. Additionally, Al contents slightly lower both Ms and Mf temperatures. This is ascribed 
to the formation of a large amount of new ferrite and carbon enrichment in the remaining austenite.  
 
Table 7.2 Effects of Al and V on transformation temperatures of austenite decomposition products from full 
austneite temperature (FRT = 920°C) at a cooling rate of 15°C s−1  
IDs Steel Conditions Fs (°C) Bs (°C) Ms (°C) Mf (°C) 
LL 0.15C-0.04Al-0.06V 537.0 513.3 385.4 273.2 
LH 0.15C-0.04Al-0.12V 526.1 513.3 385.8 273.6 
ML 0.15C-0.4Al-0.06V 669.1 511.6 382.7 270.3 
MH 0.15C-0.4Al-0.12V 643.8 512.7 384.3 272.0 
HL 0.15C-0.8Al-0.06V 784.4 503.8 371.9 258.5 
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7.1.3 Microstructural Observation of Austenite Formation for Candidate DP Steels with Al 
Contents 
Prior to intercritical annealing, the initial microstructures of the selected cold rolled DP 
steel conditions LLL (0.04Al-0.06V-CT580ºC), MLL (0.4Al-0.06V-CT580ºC) and HLL (0.8Al-
0.06V-CT580ºC) are elongated ferrite-pearlite aggregates, shown in Fig. 6.3, consisting of about 
60% − 70% ferrite, Table 6.1. 
Phase transformations occuring during intercritical annealing for a DP steel with a starting 
microstructure of cold rolled ferrite-pearlite aggregates consist of ferrite recrystallization and 
austenite formation. Ferrite recrystallization has been shown to be completed prior to austenite 
formation at a low reheating rate (i.e.,+1~ +5°C s−1 [53,66,74]), and ferrite recrystallization 
coexists with austenite formation at a high reheating rate (i.e., > +50°C s−1 [53,66,74]). The 
reheating rate used in this research was +5°C s−1, combined with the effect of stored energy 
obtained from low temperature ferrite transformation during coiling (CT580°C) and cold work (60% 
cold reduction), so ferrite recrystallization was considered to fully complete during reheating to 
desired IATs. 
During the intercritical annealing of the DP steels with the initial microstructures of ferrite 
plus pearlite mixtures, the first step of austenite formation is pearlite dissolution (i.e., dissolution 
of pearlitic cementite) [9,51,52,163]. Pearlite dissolution is considered to complete within 15s at a 
high intercritical annealing temperature [9]. For example, Fig. 7.3 shows the microstructural 
evolution of a steel condition MLL (0.4Al-0.06V-CT580°C) annealed at 770°C from 0s to 60s. In 
this case, the completion of pearlite dissolution only took 5s. In the wake of 5-second holding at 
770°C, all the pearlite was fully dissolved, with only with a few cementite particles remaining 
undissolved in the ferrite matrix, Fig. 7.3 (b).  
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Figure 7.3 SEM micrographs of steel condition MLL (0.4Al-0.06V-CT580°C) annealed at 770°C for (a) 0s, (b) 
5s, (c) 15s, (d) 30s and (e) 60s. Note: ferrite is indicated by F, pearlite by P and martensite by M. Water-
quenched martensite represents intercritically formed austenite. 
 
However, the process of pearlite dissolution becomes more time-consuming as IAT falls 
to 740°C. An example of partial cementite dissolution of steel condition MLL (0.4Al-0.06V-
CT580°C) annealed at 740°C for 60s is shown in Fig. 7.4. 
 
Additionally, the early stage of austenite formation is austenite nucleation, shown in Fig. 
7.5. Fig. 7.5 presents the SEM micrographs of steel condition LLL (0.04Al-0.06V-CT580°C) 
reheated to 740°C without isothermal holding and water quenched to room temperature. Those 
tiny water-quenched martensite islands represent austenite nuclei at 740°C. Fig. 7.5 (a) shows the 
austenite nuclei located at cementite/ pearlitic ferrite interfaces within pearlite colonies. Also, 
austenite nuclei were observed at the interfaces between ferrite and prior pearlite colonies, Fig. 7.5 
(b). As shown in Fig. 7.5 (c), austenite nucleated at the recrystallized ferrite/ ferrite grain 
boundaries or triple points associated with undissolved cementite, which is in agreement with 
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Garcia and DeArdo’s previous observation [51]. Finally, several austenite particles were found 
within ferrite grains, Fig. 7.5 (d). The nucleation of austenite located at the ferrite/ferrite grain 
boundaries or within ferrite grains is possibly due to the carbon diffusion through a long distance 
from carbon-rich prior pearlite colonies to the carbon-limited recrystallized ferrite areas [164]. 
 
 
Figure 7.4 SEM micrograph of steel condition MLL (0.4Al-0.06V-CT580°C) annealed at 740°C for 60s. Note: 
ferrite is indicated by F, pearlite by P and martensite by M. Water-quenched martensite represents 




Figure 7.5 SEM micrographs of steel condition LLL (0.04Al-0.06V-CT580°C) annealed at 740°C for 0s, 
illustrating austenite nucleation sites: (a) interfaces between cementite/pearlitic ferrite within pearlite colonies, 
(b) interface between ferrite/pearlite, (c) recrystallized ferrite/ferrite grain boundaries or triple points and (d) 
within ferrite grains. Note: ferrite is indicated by F, pearlite by P and martensite by M. Water-quenched 
martensite represents intercritically formed austenite. 
 
As the isothermal holding time increases, further austenite growth continues, shown in 
Figure 7.6, presenting the SEM micrograph of steel condition LLL (0.04Al-0.06V-CT580°C) 
annealed at 740°C for 5s. Austenite grew from the prior pearlite colonies (the area highlighted by 
the spot curve in Fig. 7.6), consuming dissolving pearlite, and from the grain boundary 
allotriomorphic austenite, which were also reported in other studies [9,51,53,74,163]. Also, the 
slow heating rate (i.e., +5 °C in this study) advances the growth of austenite nucleated in the prior 
 84 
pearlite colonies [74], so the distribution and morphology of austenite are similar to those of prior 
pearlite colonies which were geometrically modified by cold rolling. 
 
 
Figure 7.6 SEM micrograph of steel condition LLL (0.04Al-0.06V-CT580°C) annealed at 740°C for 5s. Note: 
ferrite is indicated by F, pearlite by P and martensite by M. Water-quenched martensite represents 
intercritically formed austenite. 
 
 Since all the intercritically formed austenite is assumed to transform to martensite by water 
quenching, martensite volume percentage (fm) is assumed to equal to the volume fraction of 
intercritically formed austenite (fγ). The results of quantitative measurements for fγ of selected DP 
steels with Al contents in different annealing conditions are plotted in Fig. 7.7. The differences in 
austenite percentages among annealing time, annealing temperatures and Al contents can be 
observed in Fig. 7.7. It is obvious that fγ can be a function of annealing temperature and fγ increases 
as annealing time increases. Fig. 7.8 shows the SEM micrographs of steel condition LLL (0.04Al-
0.06V-CT580°C) annealed at 740°C, 770°C and 800°C for 3600s. The increase in annealing 
temperatures advances fγ. Fig. 7.9 presents the SEM micrographs of steel conditions LLL (0.04Al-
0.06V-CT580°C), MLL (0.4Al-0.06V-CT580°C) and HLL (0.8Al-0.06V-CT580°C) annealed at 
800°C for 3600s. Al contents reduces fγ at the same annealing temperature and annealing time. 
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Figure 7.7 The plots of volume fraction of intercritically formed austente as a function of annealing time at 
different intercritical annealing temperatures for steel conditions of (a) LLL (0.04 wt.% Al), (b) MLL (0.04 
wt.% Al), and (c) HLL (0.8 wt.% Al). 
 
 
Figure 7.8 SEM micrographs of steel condition LLL (0.04Al-0.06V-CT580°C) annealed at (a) 740°C, (b) 770°C 
and (c) 800°C for 3600s. Note: ferrite is indicated by F and martensite by M. Water-quenched martensite 
represents intercritically formed austenite. 
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Figure 7.9 SEM micrographs of steel conditions (a) LLL (0.04Al-0.06V-CT580°C), (b) MLL (0.4Al-0.06V-
CT580°C) and (c) HLL (0.8Al-0.06V-CT580°C) annealed at 800°C for 3600s. Note: ferrite is indicated by F and 
martensite by M. Water-quenched martensite represents intercritically formed austenite. 
7.1.4 Determination of the Kinetics Model of Intercritically Annealed Austenite Formation 
The austenite formation from a cold rolled DP steel is a diffusion-controlled phase 
transformation, the reaction proceeding by nucleation and growth [165]. The fraction of austenite 
(fγ) can be estimated by using Johnson-Mehl-Avrami (JMA) with Kolmogorov modification 
(JMAK), shown in Eq. 7.1 [49,165–169], 
 
 fγ = 1 - exp (-kt
n) (7.1) 
 
where, t is the annealing time, n the Avrami exponent and k the rate constant. However, one 
problem of Eq. 7.1 is that the infinity value of fγ at some IATs can never approach one. Since by 
reheating a cold rolled DP steel to an IAT, the austenite volume percentage, according to the lever 
rule, in the final microstructure after full annealing cannot reach one. So, a modified JMAK model 
was established for the kinetics of intercritically annealed austenite formation, which can be 






 = 1 - exp (-ktn) (7.2) 
 
where, fγ (eq) is the equilibrium fraction of austenite at a certain IAT. In this case, fγ/fγ(eq) is the 
degree of austenitization, ranging from zero to one. Taking the logarithm on both sides of Eq. 7.2, 
Eq. 7.3 is shown as follows, 
 
 ln [ ln (
fγ (eq)
fγ (eq) - fγ
) ]  = n ln t  + ln k (7.3) 
 
From Eq. 7.3, the linear relations of ln(ln(fγ(eq)/(fγ(eq)-fγ))) vs lnt can be plotted, indicating the 
Avrami exponent (n), the slope of the straight lines and lnk, the intercept with ln(ln(fγ(eq)/(fγ(eq)-
fγ))) axis.  
Additionally, the rate constant (k) is dependent on annealing temperature, nucleation rate 
and growth rate [170], which can be expressed by Eq. 7.4 [166],  
 





where, ko is the pre-exponential factor, Q the apparent activation energy, R the ideal gas constant 
(R = 8.3145 J mol−1 K−1) and T the absolute temperature in Kelvin. Also, taking the logarithm on 
both sides of Eq. 7.4, the following Eq. 7.5 can be reached, 
 
 ln k = -
Q
RT
 +  ln ko (7.5) 
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From Eq. 7.5, the apparent activation energy (Q) and frequency factor (ko) can be predicted from 
the linear plots of lnk vs 1/T. From Fig. 7.9, the equilibrium fraction of austenite (fγ (eq)) of 
candidate DP steels with different Al contents are shown in Table 7.3. After data analysis by using 
Eqs. 7.3 and 7.5, the Avrami exponent (n), pre-exponential factor (ko) and apparent activation 
energy (Q) of steel conditions of LLL (0.04 wt.%), MLL (0.4 wt.%), and HLL (0.8 wt.%) are listed 
in Table 7.4.  
 
Table 7.3 Equilibrium fraction of austenite (fγ (eq)) of candidate DP steels with different Al contents 
IDs Steel Conditions 
Equilibrium Fraction of Austenite 
Intercritical Annealing Temperature (ºC) 
740 770 800 
LLL 0.04Al-0.06V-CT580°C 0.55 0.82 0.97 
MLL 0.4Al-0.06V-CT580°C 0.43 0.75 0.85 
HLL 0.8Al-0.06V-CT580°C 0.36 0.62 0.75 
 
Table 7.4 Avrami exponent (n), pre-exponential factor (ko, s−1) and activiation energy (Q, kJ mol−1) of candidate 
DP steels with different Al contents  
IDs Steel Conditions n ko (s
−1) Q (kJ mol−1) 
LLL 0.04Al-0.06V-CT580°C 0.81 4.7E+19 422.9 
MLL 0.4Al-0.06V-CT580°C 0.76 2.8E+20 436.5 




Applying fγ (eq), n, ko and Q values in Tables 7.3 and 7.4 to Eqs. 7.4 and 7.6, Fig 7.10 shows 
the predictions based on kinetics modeling of austenite volume percentages of three candidate DP 
steels with Al contents at different IATs and annealing times. From Fig 7.10, the modeling curves 
have a good fit to the experimental results.  
 
 
Figure 7.10 Predictions based on kinetics modeling and experimental results of austenite volume percentages 
of steel conditions of (a) LLL (0.04 wt.% Al), (b) MLL (0.4 wt.%) and (c) HLL (0.8 wt.% Al). Data points shown 
as symbols while theory shown as continuous lines. 
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7.2 Discussion 
7.2.1 Effect of Al Contents on Austenite Formation during Intercritical Annealing 
Fig. 7.11 shows schematically the microstructural evolution of the candidate DP steels 
from the starting condition to the annealed. The hot band coils with a low coiling temperature of 
580 ºC were characterized by a combination of acicular ferrite, polygonal ferrite and pearlite, Fig. 
6.1 (a). After 60% cold reduction, deformed and elongated ferrite and pearlite along with a large 
amount of cementite located at ferrite/ferrite grain boundaries were observed in the microstructures 
of cold rolled steel sheets, Fig. 6.3 (a), which were regarded as the initial conditions of the 
intercritical annealing process.  
During the process of heating, the deformed ferrite has recrystallized, prior to reaching to 
the optimum IATs, at a low heating rate of +5 ºC s−1, which is in agreement with previous studies 
[53,66,74]. This means that there would be no competition between ferrite recrystallization and 
austenite formation during isothermal holding at IATs in the case of low heating rates.  
Pearlite dissolution and austenite nucleation and growth are two essential steps of austenite 
formation for the DP steels with ferrite-pearlite mixture initial microstructures [9,51,52,163,171]. 
The time for the completion of pearlite dissolution is temperature dependent. Speich et al. [9] 
reported that pearlite could be fully dissolved in 15s at a high IAT, while a longer time for pearlite 
dissolution would be needed at a low IAT. Austenite nucleated at the pearlitic ferrite/ cementite 
interfaces in the prior pearlite colonies (Fig. 7.5 (a)), at the prior pearlite colony boundaries (Fig. 
7.5 (b)), at the recrystallized ferrite/ ferrite grain boundaries or triple points (Fig. 7.5 (c)) and within 
ferrite grains (Fig. 7.5 (d)). These austenite nuclei were also observed by Garcia and DeArdo [51], 
Speich [9], Yang [52], Yi [163] and Caballero [172]. 
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Figure 7.11 Schematic illustration of microstructural evolution of candidate DP steels during intercritical 
annealing. 
 
In this chapter, a JAMK model was utilized to study reversed austenite growth in the ⍺ + γ 
two-phase region. The results in Table 7.4 indicate that the Avrami exponents (n) of JMAK model 
for austenite formation fall in the range 0.72−0.81, all below 1. The formation of intercritically 
annealed austenite is considered to be diffusion-controlled growth and decreasing nucleation rate 
[173]. The n values range from 0.5 to 2.5 in the case of diffusion-controlled growth [174]. For 
example, a value of 2.5 for Avrami coefficient (n) indicates three-dimensional growth and constant 
nucleation rate [175]. However, the value of n will fall to about 1 or lower as the nucleation rate 
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decreases [173]. Numerous studies [165,167,169,176] have attempted to study the kinetics of 
reversed austenite formation by using JMAK model. Etesami et al. [167] reported that the n value 
of austenite formation for Fe-1.39Ni-0.7Mn-0.14C DP steel was below 1. Concerning the kinetics 
of austenite formation investigated by Kohout [169], the n values of ferritic nodular cast iron were 
determined, ranging from 0.6 to 1.3. Guo et al. [176] mentioned that the Avrami exponent of 18 
wt.%Ni-C250 maraging steel was 0.97. Asadi Asadabad et al. [165] confirmed that the results of 
Avrami coefficient (n) for Fe-1.3Mn-0.11C, varying with temperature, were 0.7−0.9. Another 
interesting finding in this research is that the Avrami exponent (n) reduces from 0.81 to 0.72 with 
increasing Al contents from 0.04 wt.% to 0.8 wt.%.  
The results of the apparent activation energy (Q) study for austenite formation, varying 
with Al contents, of steel conditions of LLL (0.04 wt.%), MLL (0.4 wt.%) and HLL (0.8 wt.%) 
are 422.9 kJ mol−1, 436.5 kJ mol−1 and 496.7 kJ mol−1, respectively, Table 7.4. These values are 
all much larger than the values of Q for carbon diffusion in both ferrite (84.1 kJ mol−1 [177]) and 
austenite (157.0 kJ mol−1 [178]). This is due to the existence of alloying elements, i.e., Mn, Cr, Si 
and Al in this study. Mn, the austenite stabilizer, lowers carbon diffusivity in austenite [13], thus 
increasing the apparent activation energy. Cr, a carbide-forming element, retards carbon diffusion 
in austenite, since there is attractive interaction between Cr and C atoms [179], hence increasing 
the activation energy. The finding that Al contents increase the values of Q indicates that Al 
content decreases carbon diffusivity in austenite, which is in agreement with Babu and Bhadeshia’s 
observation [179].  
The growth of austenite nuclei from the prior pearlite colonies is triggered by carbon 
diffusion from austenite/ cementite boundary through austenite and from ferrite/ cementite 
boundary through ferrite to ferrite/austenite boundary, resulting in the transformation of the ⍺-Fe 
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lattice to the γ-Fe lattice [171,172]. The growth rate of austenite generated from pearlite is 
dominated by carbon diffusion in austenite at high IATs and the diffusion of substitutional alloying 
elements at low IATs [9]. The growth rate of austenite from pearlite is rapid, due to the adequate 
carbon remaining in the prior pearlite colonies. Additionally, the subsequent austenite growth at 
recrystallized ferrite/ ferrite boundaries is due to carbon diffusion through a long distance from 
carbon-rich prior pearlite colonies to the carbon-limited recrystallized ferrite areas [164]. In this 
study, the results in Table 7.4 indicate that Al contents increase the activation energy and lower 
carbon diffusivity in austenite. Since in Wycliffe et al.’s work [180], austenite growth rate was 
directly related to carbon diffusivity in austenite. As a result, Al content at a high level will 
suppress austenite growth during intercritical annealing. 
7.3 Conclusions 
In this chapter, three steel conditions of LLL (0.04Al-0.06V-CT580ºC), MLL (0.4Al-
0.06V-CT580ºC) and HLL (0.8Al-0.06V-CT580ºC) were investigated to study the austenite 
formation during intercritical annealing. The new findings can be summarized as follows. 
(1) Al contents raise both A1 and A3 temperatures and expands ⍺ + γ two phase temperature 
region. Especially for the DP steels containing 0.8 wt.% Al, the A3 can reach 911.7ºC and the range 
between A1 and A3 temperatures is about 187.5 ºC, indicating that a higher IAT is needed for DP 
steels with 0.8 wt.% Al, in order to obtain the similar amount of intercritically formed austenite, 
compared with that of other DP steels. 
(2) The increase in Al contents increases Fs temperature and expands the ferrite formation 
zone. Also, Al contents lower austenite hardenability and increase critical cooling rate, which 
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means that the formation of new ferrite and bainite, with regard to high Al bearing DP steels, 
cannot be avoided during a conventional industrial cooling path. 
(3) The determined parameters of JMAK models for austenite formation show that Avrami 
exponent (n) decreases and activation energy (Q) increases with increasing Al content. The 
difference in apparent activation energy (Q) of the three different Al bearing DP steels indicates 
that Al additions lower carbon diffusivity in austenite. Since austenite growth in DP steels is 
diffusion-controlled process, Al contents retard austenite growth during intercritical annealing.  
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8.0 Microstructure - Property Relationship Study 
8.1 Results 
8.1.1 Final Microstructures after Full CGL Simulations 4 
The final microstructures of CGL simulated fully annealed DP steels with GI and SC 
anneals, produced on a Gleeble 3800 machine, are presented in Figs. 8.1 through 8.5, respectively. 
For example, Fig. 8.1 (a) shows the SEM micrographs of GI annealed steel condition LLL (0.04Al-
40.06V-CT580°C), consisting of ferrite, bainite and fresh martensite. The ferrite in the final 
microstructures of GI annealed DP steels includes old ferrite (recrystallized from the 60% cold 
rolled ferrite in the initial hot band during reheating from RT to the optimum IATs at a low heating 
rate of +5°C s−1), and new ferrite (transformed from intercritically formed austenite during cooling 
from the IATs at a cooling rate of −15°C s−1) [28]. The formation of bainite occurs during a short-
time holding (~15 s) at the a zinc pot temperature of 460°C (near or below the Bs temperature) 
[28]. Fresh martensite transforms from intercritically formed austenite by quenching at a fast 
cooling rate of −10°C s−1 from 460°C to RT. The SEM micrographs of fully annealed DP steels 
with SC anneal for condition LLL (0.04Al-0.06V-CT580°C) are shown in Fig. 8.1 (b). In addition 
to ferrite, bainite and fresh martensite mentioned above, the final microstructure of a SC annealed 
sample also includes tempered martensite, which formed during the up-quench to 460°C from the 
                                                 
4 Much of this section appears in print: Adapted from the article published in Ref. [130], Mater. Sci. Eng. A, 
Volume 797, Yingjie Wu, Juha Uusitalo, Anthony J. DeArdo, Investigation of effects of processing on stretch-
flangeability of the ultra-high strength, vanadium-bearing dual-phase steels, 140094, © 2020 Elsevier B.V. 
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fresh martensite formed by quenching from IATs to the supercooling temperature of 250°C. A 
large amount of fresh martensite is replaced with tempered martensite by up-quenching at a rate 
of +42°C s−1 from the supercooling temperature to the zinc pot temperature, resulting in the 
increases in both TE and HER, but with the loss of UTS, which will be discussed in the following 
section. After the CGL simulations, the microstructural characteristics of twenty fully annealed 
steels with different conditions were investigated in this dissertation and are listed in Tables 8.1 
and 8.2.  
 
 
Figure 8.1 The SEM micrographs of steel conditions LLL (0.04Al-0.06V-CT580°C) with (a) GI anneal and (b) 
SC anneal and LLH (0.04Al-0.06V-CT677°C) with (c) GI anneal and (d) SC anneal. Note: Ferrite is labeled by 
F, bainite by B, fresh martensite by M and tempered martensite by TM. 
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In this research, four critical variables were explored, i.e., different: (i) aluminum contents, 
(ii) vanadium levels, (iii) coiling temperatures, and (iv) annealing paths. From the data shown in 
Tables 8.1 & 8.2, the addition of Al coarsens the average ferrite grain sizes for all the steel 
conditions. For instance, the average ferrite grain sizes for steel condition LHL, GI (0.04 wt.% Al) 
and MHL, GI (0.4 wt.%, Al) are 2.8 μm, and 3.3 μm, respectively, in Figs. 8.2 (a) & 8.4 (a). In 
addition, increasing the Al contents increases the volume fractions of ferrite in the final 
microstructures of fully annealed DP steels with GI anneals, and it also lowers the volume 
percentages of bainite. For example, the volume fractions of ferrite in samples LLL, GI (0.04 wt.% 
Al), MLL, GI (0.4 wt.% Al) and HLL, GI (0.8 wt.% Al) are 21.7%, 27.5% and 41.8%, respectively, 
while, the amount of bainitic structures in these three conditions decrease from 29.5% to 21.7%, 
and to 7.9%, in Table 8.1 and Figs. 8.1 (a), 8.3 (a) & 8.5 (a). However, the effects of Al on the 
microstructural features of the SC annealed samples are weak.  
In addition, the influences of vanadium additions on both GI and SC annealed samples are 
clearly visible. In most cases, increasing the V levels from 0.06 wt.% to 0.12 wt.% refines the 
ferrite grain sizes. For instance, the average ferrite grain sizes of steel conditions MLH, GI (0.06 
wt.% V) and MHH, GI (0.12 wt.% V) are 4.5 μm and 4.0 μm, respectively, in Table 8.1 and Figs. 
8.3 (c) & 8.4 (c). In terms of the SC annealed DP samples LHH, SC (0.12 wt.% V), the ferrite 
average grain size is reduced from 4.0 μm to 3.3 μm, compared with steel condition LLH, SC (0.06 
wt.% V), in Table 8.2 and Figs. 8.1 (d) & 8.2 (d). Furthermore, the addition of V improves the sum 
of the volume percentages of hard constituents (bainite, fresh martensite and tempered martensite), 
indicating that larger amount of intercritically formed austenite can be formed at the optimum 
IATs, holding for a short time (~60 s). This is evident in the case of MLL, SC (0.06 wt.% V) and 
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MHL, SC (0.12 wt.% V). Increasing the V levels, the total volume percentages of hard constituents 
increase from 69.0% to 74.3%, in Table 8.2 and Figs. 8.3 (b) & 8.4 (b).  
Furthermore, the effect of two coiling temperatures (580°C and 677°C) were also 
investigated in this study. The volume percentages of hard constituents increase as the coiling 
temperature falls from 677°C to 580°C. For instance, the volume fractions of bainite and fresh 
martensite of MHL, GI (CT580°C) are 12.9% and 61.8%, respectively, in Table 8.1 and Fig. 8.4 
(a). For fully annealed sample MHH, GI (CT677°C), the counterparts are 15.8% and 48.2%, in 
Table 8.1 and Fig. 8.4 (c). The total volume percentage of hard phase (bainite + fresh martensite) 
for MHL, GI with a low coiling temperature is higher than that for MHH, GI with a high coiling 
temperature.  
In terms of the two annealing paths (GI and SC anneals), their effects on the final 
microstructures of fully annealed DP steels are apparent. The microstructures of DP steels with GI 
anneals include ferrite, bainite and fresh martensite. However, a considerable amount of fresh 
martensite is replaced with the relatively soft tempered martensite observed in the final 
microstructures of SC annealed DP steels. The microstructural features of samples LLL, GI and 
LLL, SC illustrate this point clearly, Tables 8.1 & 8.2 and Figs 8.1 (a) & (b). The only difference 
between these two samples is the annealing path. The volume fraction of fresh martensite of LLL, 
GI is 48.8% with the absence of tempered martensite, while the volume percentages of fresh 
martensite and tempered martensite of LLL, SC are 19.0% and 43.2%, respectively. The 
replacement of fresh martensite with tempered martensite leads to the large differences in the 
mechanical properties (i.e., UTS, TE and HER) between GI and SC annealed DP steels, observed 
in Tables 8.1 and 8.2, and which will be discussed in the following section. 
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Figure 8.2 The SEM micrographs of steel conditions LHL (0.04Al-0.12V-CT580°C) with (a) GI anneal and (b) 
SC anneal and LHH (0.04Al-0.12V-CT677°C) with (c) GI anneal and (d) SC anneal. Note: Ferrite is labeled by 
F, bainite by B, fresh martensite by M and tempered martensite by TM. 
 
 
Figure 8.3 The SEM micrographs of steel conditions MLL (0.4Al-0.06V-CT580°C) with (a) GI anneal and (b) 
SC anneal and MLH (0.04Al-0.06V-CT677°C) with (c) GI anneal and (d) SC anneal. Note: Ferrite is labeled by 




Figure 8.4 The SEM micrographs of steel conditions MHL (0.4Al-0.12V-CT580°C) with (a) GI anneal and (b) 
SC anneal and MHH (0.04Al-0.12V-CT677°C) with (c) GI anneal and (d) SC anneal. Note: Ferrite is labeled 
by F, bainite by B, fresh martensite by M and tempered martensite by TM. 
 
 
Figure 8.5 The SEM micrographs of steel conditions HLL (0.8Al-0.06V-CT580°C) with (a) GI anneal and (b) 
SC anneal and HLH (0.8Al-0.06V-CT677°C) with (c) GI anneal and (d) SC anneal. Note: Ferrite is labeled by 
F, bainite by B, fresh martensite by M and tempered martensite by TM. 
  
 101 
Table 8.1 The microstructural features (ferrite grain sizes (d(⍺)) and volume percentages of ferrite (fv(⍺)), bainite 
(fv(B)) and fresh martensite (fv(M))) of GI annealed samples with different pre-annealing conditions. 
IDs d(⍺) (μm) fv(⍺) (%) fv(B) (%) fv(M) (%) 
LLL, GI 3.1 ± 1.6 21.7 29.5 48.8 
LLH, GI 3.7 ± 2.2 28.2 29.0 42.8 
LHL, GI 2.8 ± 1.3 19.1 16.6 64.2 
LHH, GI 3.5 ± 2.0 19.5 19.8 60.8 
MLL, GI 3.4 ± 1.7 27.5 21.7 50.7 
MLH, GI 4.5 ± 2.4 35.5 14.1 50.4 
MHL, GI 3.3 ± 1.7 25.3 12.9 61.8 
MHH, GI 4.0 ± 2.3 36.0 15.8 48.2 
HLL, GI 5.0 ± 1.9 41.8 7.9 50.3 




Table 8.2 The microstructural features (ferrite grain sizes (d(⍺)) and volume percentages of ferrite (fv(⍺)), bainite 
(fv(B)), fresh martensite (fv(M)) and tempered martensite (fv(TM))) of SC annealed samples with different pre-
annealing conditions. 
IDs d(⍺) (μm) fv(⍺) (%) fv(B) (%) fv(M) (%) fv(TM) (%) 
LLL, SC 3.3 ± 1.7 30.3 7.5 19.0 43.2 
LLH, SC 4.0 ± 2.5 30.3 11.1 25.6 30.1 
LHL, SC 2.6 ± 1.5 25.7 8.9 23.8 41.6 
LHH, SC 3.3 ± 2.1 30.1 10.4 25.3 34.1 
MLL, SC 3.4 ± 1.9 31.0 12.7 27.5 28.9 
MLH, SC 4.3 ± 3.0 35.5 9.2 26.1 29.2 
MHL, SC 3.1 ± 1.6 26.2 8.4 27.5 37.9 
MHH, SC 3.6 ± 1.8 33.4 16.8 25.9 27.5 
HLL, SC 4.7 ± 2.1 32.9 10.2 48.2 8.6 




8.1.2 Tensile Properties 
The tensile properties of fully annealed DP steels with all steel conditions are listed in 
Tables 8.3 and 8.4. The engineering stress vs engineering strain flow curves and comparisons of 
major tensile properties (yield strength, ultimate tensile strength and total elongation) for fully 
annealed DP steels with both GI and SC anneals are plotted in Fig. 8.6. 
The essential feature of DP steels in flow curves is continuous yielding or the absence of 
yield point elongation (YPE), Fig. 8.6. Also, low YS/UTS ratio is another distinctive characteristic, 
which can be as low as 0.46−0.53 (GI anneals, Table 8.3) and 0.46−0.58 (SC anneals, Table 8.4).  
The highest YS observed is 604.1 MPa for the steel condition of LHL (0.04Al-0.12V-
CT580ºC) with GI anneal, Table 8.3, and 583.6 MPa for LHL, SC, Table 8.4. Except for different 
annealing paths, these two steel conditions shared the same composition and coiling temperature. 
In terms of the effect of Al on YS, the YS decreases with increasing Al contents from 0.04 wt. % 
to 0.8 wt.%, Tables 8.3 & 8.4 and Figs. 8.6 (a), (c) & (e). For example, the YS results of steel 
conditions of LLL, GI (0.04 wt.% Al), MLL, GI (0.4 wt.% Al) and HLL, GI (0.8 wt.%) are 530.3 
MPa, 512.5 MPa and 494.2 MPa, respectively. Additionally, V additions enhance YS values. For 
instance, concerning GI annealed DP steels of MLL, GI (0.4Al-0.06V-CT580ºC) and MHL, GI 
(0.4Al-0.12V-CT580ºC), change in V levels from 0.06 wt.% to 0.12 wt.% increases YS results 
from 512.5 MPa to 590.0 MPa, Table 8.3. Also, for the fully annealed DP steels with SC anneals, 
the YS results have the similar trend.  
From Table 8.3 and Fig. 8.6, the GI annealed DP steel with 0.04 wt.% Al, 0.12 wt.% V and 
a low coiling temperature of 580ºC has the highest UTS of 1181.4 MPa. While, the highest UTS 
value observed for SC anneals is 1046.0 MPa for LHL, SC, Table 8.4 and Fig. 8.6. Similar to the 
results of YS, in terms of the steels sharing the same composition and pre-annealing condition, the 
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change from GI to SC anneals also reduces UTS values. From Table 8.3, for steel conditions LLL, 
GI (0.04 wt.% Al), MLL, GI (0.4 wt.% Al) and HLL, GI (0.8 wt.% Al), increasing Al levels from 
0.04 wt.% to 0.8 wt.%, the UTS values reduce from 1092.8 MPa to 1061.4 MPa. It is apparent that 
UTS decreases with increasing Al contents. Concerning the effect of V on UTS, the increase in V 
levels from 0.06 wt.% to 0.12 wt.% results in higher martensite volume fraction and more VC 
precipitates, hence improving UTS, Figs. 8.6 (a) vs (b) or 8.6 (c) vs (d). In terms of effect of pre-
annealing condition (i.e., coiling temperature) on UTS, a higher UTS can be obtained for the 
candidate DP steels with a low coiling temperature of 580ºC. For example, UTS results of steel 
conditions MLL, GI (CT580ºC) and MLH, GI (CT677ºC) are 1086.0 MPa and 1059.0 MPa, 
respectively.  
In the case of TE, the highest results of the fully annealed DP steels are 25.3% for HLH 
(0.8Al-0.06V-CT677ºC) with GI anneal and 25.0% for HLH with SC anneal, as shown in Tables 
8.3 and 8.4. The product of UTS × TE, a ductility index for automotive steels, is also listed in 
Tables 8.3 and 8.4. The highest product of UTS × TE for the fully annealed DP steels with GI 
anneal is 25,449.3 MPa × % for HLH, GI (0.8Al-0.06V-CT677ºC). While, with regard to SC 
anneals, the highest product is 24,040.0 MPa × %. Both of these two products belong to the 3rd 
generation AHSS family (>22,000 MPa × %) [34,46]. 
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Table 8.3 Tensile properties (yield strength (YS), ultimate tensile strength (UTS), yield to tensile strength ratio 
(YS/UTS), uniform elongation (UE), total elongation (TE), post uniform elongation (Post UE), reduction in area 
(RA), and product of UTS × TE) of the fully annealed DP steels with the GI anneal. 
IDs 
YS UTS YS/UTS UE TE Post UE RA UTS × TE 
(MPa) (MPa)  (%) (%) (%) (%) (MPa × %) 
LLL, GI 530.3 1092.8 0.49 12.3 20.8 8.5 27.5 22730.2 
LLH, GI 542.3 1039.1 0.52 12.6 17.9 5.3 16.6 18599.9 
LHL, GI 604.1 1181.4 0.51 11.0 19.1 8.1 22.6 22564.7 
LHH, GI 574.9 1099.8 0.52 11.1 16.2 5.1 13.6 17816.8 
MLL, GI 512.5 1086.0 0.47 11.6 19.5 8.0 29.6 21177.0 
MLH, GI 528.3 1059.0 0.50 11.0 14.9 3.9 24.1 15779.1 
MHL, GI 596.0 1168.2 0.51 10.2 17.8 7.6 24.6 20794.0 
MHH, GI 576.0 1096.9 0.53 10.9 16.6 5.7 18.5 18208.5 
HLL, GI 494.2 1061.4 0.47 13.4 22.0 8.6 25.6 23350.8 
HLH, GI 463.3 1005.9 0.46 14.8 25.3 10.5 22.9 25449.3 
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Table 8.4 Tensile properties (yield strength (YS), ultimate tensile strength (UTS), yield to tensile strength ratio 
(YS/UTS), uniform elongation (UE), total elongation (TE), post uniform elongation (Post UE), reduction in area 
(RA), and product of UTS × TE) of the fully annealed DP steels with the SC anneal 
IDs 
YS UTS YS/UTS UE TE Post UE RA UTS × TE 
(MPa) (MPa)  (%) (%) (%) (%) (MPa × %) 
LLL, SC 518.2 974.7 0.53 11.9 22.2 10.3 36.6 21638.3 
LLH, SC 545.4 936.5 0.58 11.2 19.6 8.5 33.4 18355.4 
LHL, SC 583.6 1046.0 0.56 10.1 19.0 8.9 29.5 19874.0 
LHH, SC 542.1 972.7 0.56 10.9 19.2 8.3 26.0 18675.8 
MLL, SC 502.0 973.7 0.52 11.7 22.3 10.5 33.3 21713.5 
MLH, SC 494.6 950.5 0.52 12.0 19.0 6.9 27.1 18059.5 
MHL, SC 570.7 1040.7 0.55 10.1 17.6 7.5 34.0 18316.3 
MHH, SC 522.6 975.9 0.54 12.1 20.0 7.9 26.8 19518.0 
HLL, SC 459.9 983.9 0.47 14.1 24.2 10.0 29.4 23810.4 




Figure 8.6 Engineering vs engineering strain flow curves and comparisons of major tensile properties (yield 




8.2.1 Effects of Pre-Annealing Conditions on Ferrite Grain Sizes 
The effects of pre-annealing conditions (i.e., compositions and coiling temperatures) on 
ferrite grain sizes of fully annealed DP steels with both GI and SC anneals have been investigated 
and plotted in Fig. 8.7, based on data listed in Tables 8.1 and 8.2. For both anneals, ferrite grains 
can be refined by decreasing Al levels (from 0.8 wt.% to 0.04 wt.%), coiling temperatures (from 
677ºC to 580ºC) or increasing V contents (from 0.06 wt.% to 0.12 wt.%).  
 
 
Figure 8.7 Effects of pre-annealing conditions on average ferrite grain sizes of the fully annealed DP steels with 
both (a) GI and (b) SC anneals. 
 
Al additions coarsen ferrite grains in the ferrite-martensite DP steels, which is in agreement 
with the observations in magnetic shielding steels [181] and Nb-bearing IF steels [182]. Al 
additions enhance both A1 and A3 temperatures and expand dramatically ⍺ + γ two phase region, 
Fig. 7.1 and Table 7.1. The increase in Al levels raises ferrite nucleation rate and meanwhile also 
 109 
accelerates the ferrite grain coarsening process for high Al steels [183], especially at high IATs. 
In this research, in order to obtain a similar amount of austenite, higher IATs need to be chosen 
for high Al steels. The IATs for candidate steels with 0.04 wt.%, 0.4 wt.% and 0.8 wt.% Al were 
780ºC, 800ºC and 820ºC, respectively. Ferrite recrystallization was complete quickly during 
reheating to the high IATs, followed by grain coarsening, so coarse ferrite grains can be observed 
in the final microstructures of high Al steels. 
The initial microstructures of the hot bands with a low coiling temperature of 580 ºC mainly 
consist of pearlite and acicular ferrite (4.44 μm < d⍺ < 5.68 μm). While, the starting microstructures 
of the hot bands coiled at 677ºC are banded pearlite-polygonal ferrite aggregates (6.08 μm < d⍺ < 
9.22 μm). Compared with coarse polygonal ferrite, refined acicular ferrite has a higher value of Sv 
(interfacial area per unit volume), offering more ferrite nucleation sites for recrystallization during 
intercritical annealing. In addition, cold rolled DP steels with the combination of low coiling 
temperature and 60% cold reduction has more stored energy, which may provide more driving 
force for ferrite recrystallization. Thus, the difference in ferrite grain sizes of hot bands coiled at 
different temperatures remained even after ferrite recrystallization.  
8.2.2 Influences of Pre-Annealing Conditions and Annealing Paths on the Fraction of Hard 
Constituents 
Fig. 8.8 shows the influences of pre-annealing conditions and annealing paths on fraction 
of hard constituents (i.e., bainite, fresh martensite and tempered martensite) of the fully annealed 
DP steels with both GI and SC anneals. From Fig. 8.8, the total volume fraction of these hard 
constituents increases with decreasing Al levels and coiling temperatures or increasing V contents. 
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B b b ally, as mentioned earlier, the change in annealing paths from GI to SC anneals results in the 
microstructural replacement of a large amount of fresh martensite by tempered martensite. 
 
 
Figure 8.8 Effects of pre-annealing conditions and annealing paths on the amount of hard constituents of the 
fully annealed DP steels with both (a) GI and (b) SC anneals.  
 
Al is a ferrite stabilizer element and it increase the transformation temperature of γ→⍺, so 
higher IATs are required to obtain enough intercritically formed austenite. The high Al addition 
lowers austenite stability and new ferrite formation cannot be avoided during intercritical 
annealing even at a higher cooling rate (i.e., −100 ºC s−1), both of which act to reduce the amount 
of fresh martensite. 
Similar to the pining effect of Nb [21], additions of V retard the ferrite recrystallization 
during intercritical annealing, thus accelerating the nucleation and growth of intercritically formed 
austenite. In Table 6.1 and Fig. 6.2, additions of V refine the ferrite grains in the initial 
microstructures of hot band coils and cold rolled steel sheets, combined with the effect of V on 
ferrite recrystallization during intercritical annealing, a large number of ferrite/ferrite grain 
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boundaries caused by a higher V levels create more austenite nucleation sites, which is beneficial 
to the intercritical austenitization process. 
8.2.3 Consequences of Pre-Annealing Conditions and Annealing Paths on Strength 
The YS is related to the mobile dislocation density or the resistance to dislocation 
movement in ferrite [184], which means low YS of DP steels is ascribed to highly mobile 
dislocations or low resistance to dislocation movement. From Tables 8.1 and 8.2, Al additions 
decrease the martensite volume percentages in the final microstructure of the fully annealed DP 
steels. The interfaces between ferrite/ martensite is considered as the new source for new mobile 
dislocations even at small strains [21]. So, the increase in martensite volume fraction results in the 
improvement of YS. In addition to the benefit of V on martensite volume percentages, compared 
with the DP steels containing 0.06 wt.% V, more VC would be expected to be precipitated in the 
ferrite matrix for the 0.12 wt.% V alloyed DP steels. More VC precipitates suppress the movement 
of mobile dislocation, hence leading to a higher YS. The influences of annealing paths on YS are 
also attributed to the amount of martensite. The change of annealing path from GI to SC anneal 
results in the replacement of fresh martensite with tempered martensite. Tempering in SC anneals 
cause residual relaxation for DP steels. These reasons mentioned above enable the candidate DP 
steels with 0.04 wt.% Al, 0.12 wt.% V, a low coiling temperature of 580 ºC and GI anneal to result 
in higher martensite volume fraction and the highest YS of 604.1 MPa. 
Previous researches [5–8] pointed out that the tensile strength of DP steels had a positive 
linear relationship with martensite volume percentages. In those studies, the final microstructure 
after intercritical annealing consisted only of two phases, ferrite and fresh martensite. However, in 
most cases, due to the hardenability of austenite, intercritical annealing temperatures, cooling rates 
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or complex annealing procedures, the final microstructure always contained pearlite [9], cementite 
[26], bainite [20,25] or tempered martensite [27–29]. Therefore, the precise structure-tensile 
strength relation remains unclear. 
High Al levels lower the hardenability of intercritically formed austenite, and as a result, 
the formation of new ferrite cannot be avoided at a cooling rate of −15 ºC s−1 for high Al bearing 
DP steels, hence reducing UTS. V additions refine ferrite grains, form more VC precipitates and 
lead to higher volume fractions of hard constituents, resulting in the increase in UTS. In terms of 
effect of coiling temperature on UTS, a higher stored energy resulted from the low coiling 
temperature of 580ºC, combined with 60% cold work, provides more driving force for austenite 
formation during intercritical annealing in the limited isothermal holding time. So, after fast 
cooling, a large amount of intercritically formed austenite transforms into fresh martensite and 
results in a higher UTS. Additionally, tempering occurs during SC anneals causing a large amount 
of tempered martensite transformed from fresh martensite, thus reducing the UTS. 
Fig. 8.9 plots the relationship between strength and martensite volume percentages based 
on the data from Davies’ works [5] and the fully annealed DP steels with GI anneals, Tables 8.1 
& 8.3. It can be concluded that both yield and tensile strengths of DP steels can be expressed as 
functions of fresh martensite volume percentages, shown in Eqs. 8.1 and 8.2, 
 
 YS = 11.0 × fv(M) + 84.8 (8.1) 
 




Figure 8.9 The linear relashtionship between strength and martesnite volume fraction based on the data from 
Davies’ work [5] and Tables 8.1 & 8.3. 
 
However, fresh martensite is not the only hard constituent which can be observed in the 
final microstructures of the fully annealed DP steels with GI anneals. Due to the low hardenability 
of austenite caused by Al additions at high IATs, some portions of martensite were replaced by 
bainite. So, the effect of bainitic microstructures on UTS should be taken into consideration. Fig. 
8.10 shows the correlations between strength and the total amount of hard constituents (i.e., bainite 
and fresh martensite) of the fully annealed DP steels with GI anneals. The relations can be shown 
as follows, 
 
 YS = 3.6 × (fv(B) +fv(M)) + 289.2 (8.3) 
 
 UTS = 4.1 × (fv(B) +fv(M)) + 799.6 (8.4) 
 
Compared with the linear relations obtained from Fig. 8.9, the slopes of two straight lines from 
Fig. 8.10 are much lower. This indicates that the hardening effect of bainite on the UTS of DP 
steels is considerably lower than that of fresh martensite. Fonstein et al. [185] statistically 
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summarized the effect of bainite on the UTS and found that the replacement of 10% of martensite 
by bainite caused the reduction in UTS by 40 MPa in ferrite-bainite-martensite AHSS. 
 
 
Figure 8.10 The relashtionship between strength and volume percentages of hard constituents of the fully 
annealed DP steels with GI anneals 
8.2.4 Significance of V Additions and Annealing Path Conditions on Work Hardening 
Behavior 
High strain hardening rate is another notable feature of DP steels, compared with the high 
strength low alloy (HSLA) steels, since this enables high uniform elongation and the possibility of 
increases in tensile strength during plastic deformation.  
The relationship between true stress (σ) and true strain (ε) can be expressed by a Hollomon-
type equation, Eq. 8.5 [186], 
 
 σ =  kεn (8.5) 
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where, n is work hardening exponent and k the strength coefficient. Taking the logarithm of both 
sides of Eq. 8.1, Eq. 8.2 is shown as follows, 
 
 ln σ  = n ln ε  + ln k (8.6) 
 
so, the strain hardening exponent can be expressed as Eq. 8.5, which is called Hollomon model 
[186]. 
 





Fig. 8.11 presents the lnσ – lnε curves of several selected candidate DP steels. From Fig. 
8.11, nonlinear variations in lnσ – lnε plots show that the work hardening exponent (n) decreases 
as true strain increases during plastic deformation. Two evident working hardening exponents (n1 
and n2) are discerned in lnσ – lnε curves, and n1 is larger than n2. These findings indicate that the 
investigated DP steels followed a two-stage work hardening mechanism during plastic deformation, 
which is in agreement with previous investigations [187–190]. These works were reported that 
ferrite was initially plastically deformed in the first stage and martensite was then deformed with 




Figure 8.11 lnσ – lnε curves of steel conditons of (a) LLL, GI vs LHL, GI and (b) MHL, GI vs MHL, SC 
 
Table 8.5 lists strain hardening exponents at the two stages n1 (ε=0.007) and n2 (ε=0.05) of the 
fully annealed DP steels with both GI and SC anneals. From Table 8.5, it is apparent that V 
additions enhance n1 values. For example, in terms of steel conditions of LLL, GI (0.04Al-0.06V-
CT580ºC) and LLL, GI (0.04Al-0.12V-CT580ºC), the increase in V contents from 0.06 wt.% to 
0.12 wt.% results in a 28% increase in n1 (ε=0.007), Table 8.5 and Fig. 8.11 (a). Also, for the SC 
annealed DP steels, the n1 results of steel conditions of MLH, SC (0.4Al-0.06V-CT677ºC) and 
MHH, SC (0.4Al-0.12V-CT677ºC) are 0.277 and 0.310, respectively, Table 8.5. These results 
indicate that at the early stage of plastic deformation, ferrite was effectively work hardened for 
candidate DP steels containing a high V level, which is probably due to the pining effects of 
vanadium carbides on retarding mobile dislocation movements. However, regarding the strain 
hardening behavior in the second stage, the results of n2 (ε=0.05) of highly V alloyed DP steels are 
slightly lower than those of DP steels with a low V content. This may result from the finer ferritic 
microstructures caused by a high V addition of 0.12 wt.%, and the mean free path among 
dislocations for DP steels with 0.12 wt.% V is shorter than that of DP steels containing 0.06 wt.% 
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V. The lower the mean free path is, the higher is the possibility of annihilation of dislocations [34] 
will be, resulting in slightly lower n2 values at large strains for highly V microalloyed DP steels. 
In terms of the influence of annealing paths on strain hardening exponents, in most cases, 
the n1 (ε=0.05) values of GI annealed DP steels are larger, compared with those of fully annealed 
DP steels with the SC anneal. For example, n1 values of steel conditions of MHL, GI (0.4Al-0.12V-
CT580ºC) and MHL, SC are 0.399 and 0.322, respectively, Table 8.5 and Fig. 8.11 (b), which is 
similar to Brofin et al.’s work, in that the replacement of martensite by bainite led to the decrease 
in the initial strain hardening rate [25]. Regarding GI annealed DP steels, the existence of a high 
density of highly mobile dislocations in the ferrite close to ferrite/ fresh martensite interfaces is 
caused by the strains in the ferrite from both the volume expansion that accompanies the 
transformation of austenite to martensite and the shear nature of the transformation itself. 
However, after tempering in the SC anneals, the replacement of a large amount of fresh martensite 
with tempered martensite results in the reduction in mobile dislocation density and the relaxation 
of residual stress. These concepts might be used to explain the difference in n1 (ε=0.007) of both 
GI and SC annealed steels.  
  
 118 
Table 8.5 Calculated strain hardening exponents from the true flow curves of the fully annealed DP steels 











LLL, GI 0.295 0.185  LLL, SC 0.246 0.181 
LLH, GI 0.364 0.190  LLH, SC 0.253 0.161 
LHL, GI 0.378 0.175  LHL, SC 0.331 0.173 
LHH, GI 0.371 0.182  LHH, SC 0.313 0.170 
MLL, GI 0.377 0.189  MLL, SC 0.256 0.188 
MLH, GI 0.375 0.186  MLH, SC 0.277 0.197 
MHL, GI 0.399 0.165  MHL, SC 0.322 0.187 
MHH, GI 0.354 0.169  MHH, SC 0.310 0.192 
HLL, GI 0.322 0.194  HLL, SC 0.325 0.227 
HLH, GI 0.299 0.209  HLH, CS 0.265 0.228 
8.2.5 Strength - Ductility Considerations of DP Steels 
UE is the uniform elongation expressed as engineering strain. It is also the elongation at 
the maximum load, which can be controlled by the strain hardening exponent (n), as shown in Fig. 
8.12 (a). Fig. 8.12 (a) plots the correlation between UE and n2 (ε=0.05) of the fully annealed DP steels 
with both GI and SC anneals, which can be expressed by Eq. 8.8,  
 
 UE = 71.1 × n2  − 1.4 (8.8) 
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The correlation coefficient (R2) of UE vs n2 (ε=0.05) is 0.74, indicating a relatively strong positive 
linear relation exists between UE and n2 (ε=0.05). These results show that high UE or global ductility 
can be expected by a high strain hardening ratio. Additionally, Fig. 8.12 (b) shows that UE can be 
expressed as a function of UTS from the results in Davies’ work [1] and Tables 8.3−8.5. The 
results of UE fall with increasing UTS. In Fig. 8.12 (b) the candidate DP steels with both GI and 
SC anneals have superior ductility, at the same strength level, compared with that of Fe-Mn-C DP 
steels in Davies’ study. This combination of high strength and high global ductility makes these 
candidate DP steels commercially attractive. Fig. 8.13 presents the UTS vs TE curves of 
automotive steels. The products of UTS × TE for all the conditions studied in this research were 
included in this plot, indicating that all these candidate DP steels belong to ultra-high strength 
steels (UTS > 700 MPa), and the majority belong to the 3rd generation AHSS family (defined by 
UTS × TE >22,000 MPa × %). 
 
 
Figure 8.12 The plots of (a) UE vs n2 (ε=0.05) based on data from Tables 8.3−8.5 and (b) UE vs UTS from the 




Figure 8.13 Ultimate tensile strength (UTS) vs total elongation (TS) curves of automotive steels 
8.3 Conclusions 
The aim of this chapter was to assess effects of pre-annealing conditions (i.e., compositions 
and coiling temperatures) and annealing paths (standard galvanizing and supercooling process) on 
microstructure and mechanical properties of V-bearing DP steels. The new findings and 
conclusions are shown as follows. 
(1) The results of properties indicate the highest UTS of 1181.4 MPa can be obtained for 
the steel condition of 0.04 wt.% Al, 0.12 wt.% V, a low coiling temperature of 580ºC and GI anneal.  
(2) The candidate DP steels with higher levels of V obtain superior UTS results, which is 
due to the refined ferrite grains, sufficient volume percentages of hard constituents and VC 
precipitation hardening.  
(3) Al additions lower the hardenability of austenite, and as a result, the formation of new 
ferrite and bainite cannot be avoided at a cooling rate of −15ºC s−1. This reduces UTS, while 
considerably improves global ductility (TE) and the product of UTS × TE. 
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(4) The combination of a low coiling temperature of 580ºC and 60% cold reduction refines 
ferrite grains, increase fresh martensite volume percentages and improves UTS, which is due to a 
higher stored energy generated from the high dislocation densities caused by acicular ferrite (low 
temperature ferrite) transformation in hot band coils and 60% plastic deformation in cold rolled 
sheet steels. 
(5) The change in annealing path from GI to SC anneals mainly results in microstructural 
replacement of a large amount of fresh martensite by tempered martensite. The tempering in the 
process of SC anneals causes mobile dislocation density reduction in the vicinity of ferrite/hard 
phase interfaces and residual stress relaxation, hence reducing YS and initial work hardening ratio.  
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9.0 Investigation of Hole Expansion Performance 5 
9.1 Results 
9.1.1 Hole Expansion Results 
After the hole expansion tests, the measured HER values for all steel conditions are shown 
in Table 9.1.  
 
Table 9.1 Hole expansion ratios of fully annealed DP steels with GI and SC anneals 
IDs 
HER (%)  
IDs 
HER (%) 
CGL Simulations  CGL Simulations 
GI Anneal  SC Anneal  GI Anneal  SC Anneal 
LLL 17.0  27.5  LLH 14.6  24.3 
LHL 14.5  22.9  LHH 11.5  22.1 
MLL 17.6  26.6  MLH 17.3  22.0 
MHL 17.0  23.2  MHH 13.2  23.5 
HLL 19.0  21.2  HLH 17.6  17.6 
 
                                                 
5 Much of this section appears in print: Adapted from the article published in Ref. [130], Mater. Sci. Eng. A, 
Volume 797, Yingjie Wu, Juha Uusitalo, Anthony J. DeArdo, Investigation of effects of processing on stretch-
flangeability of the ultra-high strength, vanadium-bearing dual-phase steels, 140094, © 2020 Elsevier B.V. 
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Fig. 2.9 presents that the HER values for a variety of AHSSs that exhibit a strong 
relationship with several simple tensile properties, such as UTS (Fig. 2.9 (a)), Post UE (Fig. 2.9 
(b)), and R (Fig. 2.9 (c)). In Fig. 2.9 (a), HER values can be expressed as a function of UTS. The 
HER values of steels with low strength grades (i.e., IF, bake hardening (BH) and HSLA steels) 
decrease as UTS increases to 800 MPa, however, the HER data of DP, TRIP or martensitic steels 
do not follow this trend and keep scattered, if UTS exceeds 800 MPa. Figs. 2.9 (b) and (c) illustrate 
that hole expansion performances can also be positively correlated to Post UE and R. In terms of 
the easily formable steels (i.e., IF, BH and HSLA steels), HER improves with increasing Post UE 
or R. Nevertheless, these correlations cannot be employed for DP or TRIP steels at the higher 
strength levels. 
In terms of the candidate DP steels studied in this dissertation, the universal trend can be 
obtained between each mechanical property and HER, assuming the simple uniaxial tensile 
properties and HER results are well correlated. Fig. 9.1 plots the relationships between tensile 
properties (i.e., YS, UTS, UE, TE, Post UE, RA, n1 and n2) and measured HER values of the fully 
annealed DP steels with both GI and SC anneals. It should be noted that, the results of HER only 
share a good positive linear relationship with RA values, and this relation is given in Eq. 9.1, with 
a high regression coefficient of 0.82. 
 
 HER = 0.67 × RA + 1.66 (9.1) 
 
With the exception of RA, HER is not highly correlated with other simple uniaxial tensile 
properties of the candidate ultra-high strength, V-bearing DP steels, which supports the fact that 
the correlations between mechanical properties and HER are only valid for certain specific steels. 
So, the factors governing hole expansion performance need to be investigated, since they are 
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different from those controlling other conventional ductility or formability indices (i.e., strain rate 




Figure 9.1 The relations between tensile properties and measured HER values of the fully annealed DP steels: 
(a) YS vs HER, (b) UTS vs HER, (c) UE vs HER, (d) TE vs HER, (e) Post UE vs HER, (f) RA vs HER, (g) n1 vs 
HER, and (h) n2 vs HER. 
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9.1.2 Microstructure and Damage Evolutions during the Whole HET Process 
The whole HET process consists of two steps, hole punching and hole expanding (Fig. 9.1). 
Fig. 9.1 also schematically presents the microstructure and damage evolution during the whole 
HET process. Before hole punching, the microstructure of a HER blank is the annealed and 
undeformed DP steel microstructure. Pre-strains and microstructural damages (i.e., micro-voids) 
are introduced at the inner surface of the initial hole during hole punching. As the hole is expanded 
by the conical punch at a constant rate, the shear affected zone (SAZ) is further plastically 
deformed. So, with further increasing plastic deformation, as the first through-thickness crack is 
observed in the shear surface of the final hole in the center of the HER blank, the hole expansion 
test is complete. 
 
 
Figure 9.2 Schematic illustration of hole expansion process consisting of hole punching and hole expanding as 
well as the microstructure evolutions during the whole HET process. 
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Figs. 9.3 and 9.4 show the undeformed microstructures of steel condition LLL (0.04Al-
0.06V-CT580°C) after GI and SC CGL simulations, conducted on a Gleeble 3800 machine. The 
GI annealed specimen is predominately composed of recrystallized ferrite, bainite and fresh 
martensite. From Table 8.1, the volume percentages of hard constituents bainite and fresh 
martensite are 29.5% and 48.8%, respectively. Also, the SC annealed specimen contains 
approximately 30.3% ferrite, 7.5% bainite, 19.0% fresh martensite and 43.2% tempered martensite, 
as seen in Table 8.2. As mentioned several times earlier, the change in the annealing paths from 
GI to SC results in the microstructural replacement of a large amount of fresh martensite by 
tempered martensite, as seen in Fig. 9.4. 
 
 
Figure 9.3 The undeformed microstructures of steel condition LLL (0.04Al-0.06V-CT580°C) GI, consisting of 





Figure 9.4 The undeformed microstructures of steel condition LLL (0.04Al-0.06V-CT580°C) SC, containing 
ferrite (labeled by F), bainite (B), fresh martensite (M) and tempered martensite (TM), with (a) low 
magnification and (b) high magnification. 
 
Figs. 9.5 and 9.6 display the initial as-punched inner hole surface of the fully annealed 
HER blanks, after hole punching, of steel condition LLL (0.04Al-0.06V-CT580°C) with GI and 
SC anneals, respectively. As shown in Figs. 9.5 (b) and 9.6 (b), the initial hole surface, after hole 
punching, contains four zones: rollover zone, burnished zone, fracture zone and shear burr. Many 
defects are introduced in the initial hole surfaces in the process of hole punching. A few micro-
voids are found in the burnished zone (Figs. 9.5 (c) and 9.6 (c)), and numerous micro-voids and 
shearing dimples are observed in the fracture zone (Figs. 9.5 (d), (e) and 9.6 (d), (e)). These results 
are in accord with the previous observations [125]. These punching-induced defects act as the 
crack initiation sites [39,125,128,131–133] and later severely affect HER results during hole 
expansion. Thus, in order to improve the hole expansion performances of AHSSs, some other hole 
formation methods (i.e., laser cutting, water jet cutting, drilling [134–136] and EDM [33]) or post-




Figure 9.5 (a) The observation direction of (b) the initial hole surface of steel condition LLL (0.04Al-0.06V-
CT580℃) GI, in the wake of hole punching, with cracks and shearing dimples found in (c) burnished zone and 
(d), (e) fracture zone. 
 
 
Figure 9.6 (a) The observation direction of (b) the initial hole surface of steel condition LLL (0.04Al-0.06V-
CT580℃) SC, in the wake of hole punching, with cracks and shearing dimples found in (c) burnished zone and 
(d), (e) fracture zone. 
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The sheared edges and shear affected zones (SAZs) of the steel condition LLL (0.04Al-
0.06V-CT580℃) GI and LLL SC, in the wake of hole punching, are presented in Figs. 9.7 and 9.8, 
respectively. The microstructures close to the sheared edges show that both ferrite and hard 
constituents are plastically deformed and elongated along the punching direction. In addition, the 
micro-voids or micro-cracks are observed in the area near the rollover zone (Figs. 9.8 (b)), the 
burnished and the fracture transition zone (Figs. 9.7 (b) and 9.8 (d)), fracture zone (Figs. 9.7 (c), 
(d) and 9.8 (e), (f)) and shear burr (Figs. 9.7 (e) and 9.8 (h)). Figs. 9.7 (b)−(d) and 9.8 (d), (h) show 
that the micro-voids nucleate by the decohesion of ferrite and hard constituents (fresh martensite 
for GI anneals and tempered martensite for SC anneals). Figs. 9.7 (e) and 9.8 (e) display that the 
micro-void nucleation is due to martensite cracking [39,125,131]. The micro-cracks (Figs. 9.8 (b) 
and (f)) existing near the sheared edge of steel condition LLL SC, are associated with MnS 
inclusions, as confirmed by energy dispersive spectroscopy (EDX) analyses in Figs. 9.8 (c) and 
(g), which is in agreement with Okano’s observations [132]. Finally, a few micro-voids are 
observed at the ferrite/ferrite grain boundaries and very close to the sheared edges (Figs. 9.8 (b)), 




Figure 9.7 (a) The sheared edge and shear affected zone (SAZ) of steel condition LLL (0.04Al-0.06V-CT580℃) 
GI, after hole punching, with miro-voids or micro-cracks found in (b) burnished and fracture transition zone, 




Figure 9.8 (a) The sheared edge and shear affected zone (SAZ) of steel condition LLL (0.04Al-0.06V-CT580℃) 
SC, after hole punching, with miro-voids or micro-cracks found in (b) rollover zone, (d) burnished and fracutre 
transition zone, (e), (f) fracutre zone and (h) shear burr as well as (c), (g) the EDX analyses of cracks in (b) and 
(f), respectively.  
 
Figs. 9.9 (a) and (c) show the final holes, after the completion of the HETs, of steel 
condition LLL (0.04Al-0.06V-CT580°C) with GI and SC anneals, respectively. Closer 
observations, as shown in Figs. 9.9 (b) and (d), of the through-thickness cracks in the final hole 
surfaces are presented in Figs. 9.9 (a) and (b). It is apparent that the final hole diameter of steel 
condition LLL, SC is larger than that of LLL, GI, which indicates that the specimen of LLL SC 




Figure 9.9 The OM micrographs of final holes of steel conditons of (a) LLL (0.04Al-0.06V-CT580℃) GI and 
(c) LLL SC as well as (b), (d) the closer observations of thorugh-thickness cracks in (a) and (c), respectively. 
 
 Figs. 9.10 and 9.11 show the sheared edges and shear affected zones (SAZs) of steel 
conditions LLL (0.04Al-0.06V-CT580℃) GI and LLL SC after the HETs. Both soft ferrite and 
hard constituents were further deformed and elongated along the conical punch displacement 
direction (Figs. 9.10 (b)-(d) and 9.11 (b)-(d)). The micro-voids shown in Figs. 9.11 (b) and (c) 
represent the early stage of ductile fracture initiation. These voids appear to be nucleated at 
ferrite/hard interfaces or were related to martensite cracking. Figs 9.11 (d) and (e) present the crack 
propagation from the final punched hole sheared edge to the sheared affected zone (SAZ). 
Martensite bands (for GI anneals) or tempered martensite bands (for SC anneals) result in cracks 
and the cracks propagate at ferrite/hard constituent interfaces along the shear flow curves. Also, 
the existence of the zig-zag fracture path (Figs 9.6 (d), (e)) is the apparent evidence of ductile 
fracture, since the zig-zag crack path was formed due to the major crack propagation in the region 




Figure 9.10 (a) The sheared edge and shear affected zone (SAZ) of steel condition LLL (0.04Al-0.06V-CT580℃) 




Figure 9.11 (a) The sheared edge and shear affected zone (SAZ) of steel condition LLL (0.04Al-0.06V-CT580℃) 
SC, in the wake of hole expansion, with voids or cracks found in (b), (c) and (d) different areas of the sheared 
edge as well as (e) the closer observation of a crack in (d). 
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9.1.3 The Determination of Punching-Induced Pre-Strains 
EBSD-KAM technology is used for quantifying local misorientations within grains, which 
are related to ρGND [112] and plastic strain gradients [111]. So, the application of EBSD-KAM in 
this chapter was aimed to determine the hole-punching-induced pre-strains in the initial hole shear-
edges and shear affected zones (SAZs) of HER samples for the steel condition of LLL (0.04Al-
0.06V-CT580°C) with both GI and SC anneals. 
As mentioned in Section 5.5.3, the local misorientations of the areas in the distance of 
0−600 μm from two critical positions were quantified. Table 9.2 list the KAM values varying with 
the distances from the initial hole sheared edges, in terms of different tested positions and steel 
conditions. Also, the εeq values were determined from KAM results, by using Eq. 5.16. So, the 
relationships between KAM (or εeq) and the distance from the initial hole sheared edges are plotted 
in Fig. 9.12. The results of KAM and calculated εeq decrease as the distance from the initial hole 
sheared edges increases, and they converge with the distance exceeding 400 μm. In addition, the 
distributions and values of KAM and calculated εeq vary with the tested positions from the sheared 
edges and the selected steel conditions. At distances of less than 150 μm, the results of KAM or 
calculated εeq of the areas from the burnished and fracture transition zone (Position A) are larger 
than those of the areas from the middle of the fracture zone (Position B), which indicates that the 
maximum plastic strain is located at the burnished and fracture zone. This finding was also reported 
in Levy’s work [129]. Additionally, the maximum calculated εeq values of two steel conditions, 
LLL GI and LLL SC, are 2.92 and 1.48, respectively. This shows that much internal plastic strain 
was introduced by hole punching for GI annealed DP steels, and later severely influenced the hole 
expansion performances of the fully annealed DP steels with the GI anneal. 
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Table 9.2 The relatinships between KAM values and the distances from the sheared edges in different positions of steel conditions of LLL (0.04Al-0.06V-
CT580°C) GI and LLL SC. 
IDs Positions 
KAM (º) 
The distance from the sheared edge (μm) 
0 60 120 180 240 300 360 420 480 540 600 
LLL, GI Position (A) 2.69 2.11 2.02 1.68 1.49 1.35 1.22 0.94 0.90 0.79 0.79 
LLL, GI Position (B) 1.76 1.69 1.64 1.59 1.34 1.22 0.95 0.91 0.81 0.72 0.72 
LLL, SC Position (A) 2.00 1.92 1.82 1.61 1.43 1.13 0.97 0.87 0.86 0.80 0.77 
LLL, SC Position (B) 1.80 1.75 1.66 1.62 1.46 1.32 1.08 0.94 0.77 0.75 0.65 
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Figure 9.12 The relationships between KAM and the distance from the sheared edge of steel conditions of (a) 
LLL (0.04Al-0.06V-CT580°C) GI and (b) LLL SC, and the relations of the calculated εeq and the distance from 
the sheared edge of steel conditions of (c) LLL (0.04Al-0.06V-CT580°C) GI and (b) LLL SC. 
 
Nanoindentation technology is another method used for determining the hole-punching-
induced pre-strains, since both ferrite and hard constituents in the sheared edges or shear affected 
zones (SAZs) are deformed in the wake of hole punching. 
Figs. 9.13 and 9.14 show the SEM micrographs of the nanoindents within the 
microstructures of steel conditions LLL (0.04Al-0.06V-CT580°C) GI and LLL SC, respectively. 
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The tested Positions A, B and D are in the areas near the initial hole sheared edges, while Position 
C is about 300 μm away from Position B. Both ferrite and hard constituents (i.e., bainite, fresh 
martensite or tempered martensite) near the sheared edges are deformed and elongated by shear 
along the RD, with high aspect ratios (Figs. 9.13 (b), (c), (e) and 9.14 (b), (c), (e)). The grains in 
these areas are compacted so tightly that the conventional Vickers hardness test, even with a load 
of 1 gf, cannot differentiate the difference in hardness between ferrite and fresh martensite or 
tempered martensite. Therefore, the application of nanoindentation, with the lower load (i.e., 2000 
μN) and the smaller indents, make it possible to quantify the changes in hardness values, caused 
by hole punching, of ferrite and hard constituents. For each tested position, 25 nanoindents were 
performed and characterized by SEM. The indents inside ferrite grains are signified by red circles, 
the indents inside fresh martensite islands by blue circles, the indents inside tempered martensite 
by green circles and the indents within other regions (i.e., ferrite/ferrite grain boundaries or ferrite/ 




Figure 9.13 (a) The initial hole sheared edge and shear affacted zone (SAZ) of steel condition LLL (0.04Al-
0.06V-CT580°C) GI, after hole punching, with nanoindents in Positions (b) A, (c) B, (d) C and (e) D.  
 
 
Figure 9.14 (a) The initial hole sheared edge and shear affacted zone (SAZ) of steel condition LLL (0.04Al-
0.06V-CT580°C) SC, after hole punching, with nanoindents in Positions (b) A, (c) B, (d) C and (e) D.  
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Table 9.3 lists the measured nanohardness results of ferrite and fresh martensite or 
tempered martensite in four tested positions of the fully annealed steel condition of LLL with both 
GI and SC anneals. The nanohardness values of undeformed ferrite in LLL GI and LLL SC are 3.1 
GPa and 2.6 GPa, respectively. For hard constituents, the nanohardness results of undeformed 
fresh martensite in LLL GI and undeformed tempered martensite in LLL SC are 8.0 GPa and 4.1 
GPa, respectively. In Positions A, B and D, the nanohardness values of ferrite near the sheared 
edges in the steel condition of LLL GI increase from 3.1 GPa to 5.7 GPa (~84% increase). 
Meanwhile, the fresh martensite in Position A was work hardened and obtained the nanohardness 
of 11.2 GPa (~40% increase) from 8.0 GPa. In terms of the SC annealed steel condition, the 
deformed ferrite in Position A can reach the maximum nanohardness of 3.8 GPa (~46% increase). 
And the nanohardness results of tempered martensite were increased by 12%−32%, reaching the 
maximum value of 5.4 GPa in Position A. However, nanohardness results of ferrite and hard 
constituents in Position A, 300 μm away from the sheared edges, are not affected remarkably. 
These results indicate that the hole-punching-induced pre-strains or dislocation densities vary with 
the distance from the sheared edges and that microstructures of GI annealed DP steels are more 
strengthened than those of SC annealed DP steels. 
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Table 9.3 Measured nanohardness values of four tested positions 
IDs Phases 
Nanohardness (GPa) 
Undeformed Position A Position B Position C Position D 
LLL, GI 
Ferrite 3.1±0.5 5.4±0.4 5.7±0.5 3.8±0.4 5.4±0.7 
Fresh Martensite 8.0±0.6 11.2±1.4 9.7±1.9 8.9±0.6 10.9±0.3 
LLL, SC 
Ferrite 2.6±0.4 3.8±0.2 3.4±0.2 2.8±0.2 3.9±0.1 
Tempered Martensite 4.1±0.5 5.4±1.1 5.1±0.5 4.6±0.5 5.0±0.8 
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9.1.4  Observation of the Deformed Microstructures near the Final Hole Sheared Edges 
after Incomplete Hole Expansion Tests 
In order to investigate the micro-fracture mechanism, in terms of hole expansion behaviors, 
for ultra-high strength, vanadium bearing DP steels, incomplete or partial HETs were conducted 
for the fully annealed DP sample MHL (0.4Al-0.12V-CT580°C), SC with the tests interrupted at 
0%, 5%, 10%, 15% and 25% of the final tested value. The final hole internal surfaces of the tested 
HER blanks were sectioned, cut, ultrasonically cleaned and observed via SEM. Prior to hole 
expanding (HER=0%), micro-voids and shear dimples caused by hole punching can be observed 
in the fracture zone (Fig. 9.15 (a)). After the 5%-hole expansion testing, micro-cracks or enlarged 
micro-voids can be detected in the fracture zone (Fig. 9.15 (b)). Fig. 9.15 (c) shows the SEM 
micrograph of one micro-crack in Fig. 9.15 (b) with a high magnification, illustrating the void 
enlargement of the pre-existing voids introduced by hole punching. Also, the shearing dimples can 
be observed inside the enlarged void, which is conspicuous evidence of ductile fracture. With 
further deformation (HER=10%), the micro-cracks continue propagating in a zigzagging fracture 
path, coexisting with continuous void nucleation, Figs. 9.15 (d) and (e). Regarding the final hole 
surface of the selected fully annealed DP sample with the HER of 15%, the crack continues 
propagating from the fracture zone towards the burnished and rollover zones with plasticity, Figs. 
9.15 (f) and (g). As the major crack propagates and extends through the whole thickness direction 
of the tested HER blank, the HET is stopped. In this condition, the major crack crossing the section 
of the tested sample along with minor cracks (or enlarged voids) (Fig. 9.15 (j)) and newly nucleated 
voids (Fig. 9.15 (i)) can be observed via SEM. Getting a closer look inside the cracks, long cracks 
crossing the shearing dimples still can be detected in Figs. 9.15 (h) and (k). 
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Figure 9.15 The final hole surfaces of steel condition MHL (0.4Al-0.12V-CT580°C) SC with the HER values of 




9.2.1 Effect of Coiling Temperature on HER 
From Fig. 6.1, the OM micrographs of DP hot band coils with two coiling temperatures are 
characterized by a ferrite-pearlite mixture. However, the microstructures of the hot rolled steels 
coiled at 580°C predominantly consist of acicular ferrite and refined polygonal ferrite with high 
dislocation densities or sub-grain structures, while the hot band coils with a CT of 677°C, which 
mainly comprise coarse polygonal ferrite with low dislocation densities or sub-grain structures 
[159]. After 60% cold rolling and intercritical annealing, the SEM micrographs of the fully 
annealed DP steels with two coiling temperatures, as seen in Figs. 8.1−8.5, show that lowering 
coiling temperatures results in ferrite grain refinement, since cold rolled fined-grained 
microstructures provide higher ferrite grain shape SV for grain boundary nucleation at the early 
stage of ferrite recrystallization [98] during intercritical annealing.  
Figs. 9.16 shows the relationships between HER results and ferrite grain sizes, varying 
with coiling temperatures, for steel conditions of LLL (0.04Al-0.06V-CT580ºC) and LLH (0.04Al-
0.06V-CT677ºC) with both GI and SC anneals. For both GI and SC annealed DP specimens, 
reducing the coiling temperatures leads to a decrease in average ferrite grain sizes. Meanwhile, 
hole expansion performances change with ferrite grain sizes, which is in agreement with the studies 
of Yoon et al. [196] and Gwon et al. [126]. From previous works, fracture toughness was a critical 
factor dominating HER values of AHSSs [125][197] and grain refinement is the only approach of 
improving strength and fracture toughness simultaneously. The fine-grained microstructures can 
provide more resistance to crack propagation [126,196]. Void nucleation and growth located at 
recrystallized ferrite/ferrite grain boundaries changes with ferrite grain sizes [126], showing that 
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fine-grained microstructures can provide more resistance to crack propagation. Thus, the hole 
expansion performances of DP steels can benefit from fine or ultra-fine ferritic microstructures. 
 
 
Figure 9.16 The relationships between HER results and ferrite grain sizes (d⍺) of steel conditions of LLL 
(0.04Al-0.06V-CT580ºC) and LLH (0.04Al-0.06V-CT677ºC) with both GI and SC anneals 
9.2.2 Effect of CGL Simulations on HER 
Standard galvanizing (GI) and supercooling (SC) process CGL simulations were conducted 
with a Gleeble 3800 machine, in order to investigate the effects annealing paths on microstructures, 
mechanical properties as well as stretch-flangeability of candidate DP steels in this dissertation. 
As shown in Fig. 8.8, the change in heat treatments from GI to SC anneals results in the 
microstructural replacement of a large amount of fresh martensite by tempered martensite. 
Hasegawa et al. [128] theoretically pointed out that the hole expansion performance of DP 980 
may be controlled by the hardness difference between ferrite and fresh martensite, and the hardness 
values were calculated by experimental equations. Later, Taylor et al. [33] used nanoindentation 
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technology to verify Hasegawa’s assumption. So, the HER values of DP steels can be raised 
through the reduction in the hardness difference between ferrite and hard constituents [27,28,33]. 
Taking the steel condition LLL (0.04Al-0.06V-CT580ºC) as an example, the change in the 
nanohardenss difference between ferrite and hard constituents from 4.9 GPa (for GI anneals) to 
1.5 GPa (for SC anneals), as seen in Table 9.3, gives a rise to the improvement of HER values 
from 17.0% (for GI anneals) to 27.5% (for SC anneals), as seen in Table 9.1. 
The punching-induced pre-strains are another factor that causes the differences in hole 
expansion performances of the fully annealed DP steels with GI and SC anneals. The εeq results 
calculated from KAM values (Fig. 9.12) and nanohardness measurements of work hardened ferrite 
and hard constituents (Figs. 9.13 and 9.14) indicate that different levels of internal plastic strains 
were introduced in the microstructures in the sheared edges and even shear affected zones (SAZs) 
for GI and SC annealed specimens. For instance, after hole punching, the εeq of 2.92 is introduced 
at the burnished and fracture transition zone of the HER blanks for steel condition of LLL GI, 
which causes the nanohardness values of ferrite and fresh martensite to increase from 3.1 GPa to 
5.4 (~74% increase) GPa and from 8.0 GPa to 11.2 GPa (~52% increase), respectively. While, 
concerning the HER specimens of LLL SC, the nanohardness results of the deformed ferrite and 
tempered martensite are increased by 46% and 32%, respectively, when the maximum εeq of 1.48 
is achieved by hole punching. So, the lower punching-induced pre-strains for SC annealed 
microstructures will obtain better shear-ductility in the wake of hole expansion. 
9.2.3 The Relationship between HER and the Characteristics of Initial Hole Internal Surface 
The SEM micrographs of the initial hole surfaces of the steel conditions LLL, GI and LLL, 
SC are shown in Fig. 9.17. The area percentages of burnished zone and fracture zone of LLL, GI 
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are about 15.3% and 78.2%, respectively and the HER value of LLL, GI is 17.0%. On the other 
hand, in terms of the SC annealed specimen for steel condition of LLL, the area fractions of 




Figure 9.17 The initial hole surfaces of steel conditions of (a) LLL GI and (b) LLL SC 
 
Table 9.4 lists the area fractions of different zones (i.e., rollover zone (fv(R)), burnished 
zone (fv(B)) and fracture zone (fv(Fx))) of the initial hole surfaces of the candidate DP steels. Fig. 
9.18 plots the relationship between HER and the characteristics of initial hole surface, based on 
the data in Table 9.4. From Fig. 9.18, HER increases with increasing fv(B) and the increase in fv(Fx) 
leads to the reduction in HER. However, the hole expansion performance is not relevant to fv(R). 
These results indicate fv(B) or fv(Fx) can be used to evaluate HER results. So, a parameter called 
burnished to fracture ratio (fv(B)/fv(Fx)), which is used for assessing sheared edge quality by press 
shop [198], was applied to estimate stretch-flangeability. The correlation of fv(B)/fv(Fx) vs HER is 
also shown in Fig. 9.18, and this is given in Eq. 9.2, with a reasonable coefficient of determination 
(R2) of 0.75. 
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 HER = 81.19 × fv(B)/fv(Fx) + 0.15 (9.2) 
 
As mentioned in Chapter 2, the burnished zone (Figs. 9.5 (c) and 9.6 (c)), a straight and 
soft wall in the initial hole internal surface, is formed when the punch continues penetrating the 
tested metal after the formation of the rollover zone. The fracture zone (Figs. 9.5 (d) and 9.6 (d)) 
is formed by fracturing from the bottom of the burnished zone to the separation of the tested 
material. Both the burnished and fracture zones are controlled by UTS, since fv(B) decreases and 
fv(Fx) increases with increasing UTS [129,198–200]. From the literature [199], fv(B) and fv(Fx) are 
also influenced by cutting clearance. As cutting clearance increases, more tested material is 
deformed, resulting in the increase in shear affected zone (SAZ) and the reduction in burnished 
zone area required for initiating fracture [129]. In addition, In Chintamani et al.’s research [198], 
fv(Fx) increases with increasing cutting clearance. So, according to Eq. 9.2, decreasing cutting 
clearance leads to the increase in fv(B)/fv(Fx), hence improving hole expansion performance. This 
indicates that stretch-flangeability is not only influenced by chemical, heat treatments, 
microstructures and mechanical performances, but also by punching operation parameters (i.e., 
cutting clearance).  
  
 148 
Table 9.4 The area fractions of rollover (fv(R)), burnished (fv(B)) and fracture (fv(Fx)) zones in the initial hole surfaces of fully annealed DP steels. 
IDs fv(R) (%) fv(B) (%) fv(Fx) (%)  IDs fv(R) (%) fv(B) (%) fv(Fx) (%) 
LLL, GI 6.5 15.3 78.2  LLL, SC 8.0 21.8 70.2 
LLH, GI 5.9 14.4 79.7  LLH, SC 4.5 20.9 74.6 
LHL, GI 8.5 16.8 74.7  LHL, SC 7.8 21.9 70.3 
LHH, GI 5.1 15.8 79.1  LHH, SC 9.2 18.7 72.1 
MLL, GI 5.8 14.3 79.9  MLL, SC 6.7 22.2 71.1 
MLH, GI 7.3 12.7 80.0  MLH, SC 7.4 19.9 72.7 
MHL, GI 8.3 16.2 75.5  MHL, SC 6.2 19.7 74.0 




Figure 9.18 The relationship between HER and the characteristics of initial hole surface 
9.2.4 Crack Initiation Caused by Hole Punching and Micro-Mechanism for Hole Expansion 
The hole punching process generates two regions, initial punched hole internal surface 
(Figs. 9.5 and 9.6) and initial punched hole sheared edge (Figs. 9.7 and 9.8). Micro-voids and 
shearing dimples in the fracture zone of the initial punched hole surface are introduced by punching. 
Regarding the microstructures near the initial punched hole sheared edge, punching leads to micro-
voids or cracks that nucleate at the ferrite/hard constituent (i.e., bainite, fresh martensite and 
tempered martensite) interfaces, ferrite/ferrite grain boundaries and associated with MnS 
inclusions. These defects caused by punching act as the crack initiation sites [39,125,128,131–
133], Fig. 9.19 (a). Fig. 9.19 schematically introduces the micro-fracture mechanism of hole 
expansion for ultra-high strength and vanadium bearing DP steels. In the early stage of hole 
expansion, cracks start to propagate, or voids start to grow by void enlargement, coexisting with 
continuing void nucleation, as plastic strain increases, Fig. 9.19 (b). With further deformation, 
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cracks continue propagating from the fracture zone towards the burnished and rollover zones. Once 
the major crack crosses the thickness of the tested sample, the test is by definition completed, and 
at which point the HET is stopped, Fig. 9.19 (c). 
 
 
Figure 9.19 The schematic illustration of the micro-fracture mechanism in terms of hole expansion for fully 
annealed DP steels. (a) Incipient cracks or voids caused by hole punching, (b) crack propagation or void growth 
by void enlargement and (c) the major crack crossing section of the tested sample.  
 151 
9.3 Conclusions 
This chapter had the purposes of better understanding the improvements found in the hole 
expansion performance of ultra-high strength DP steels, and to investigate the key factors 
controlling stretch-flangeability. The findings can be generalized as the following conclusions. 
(1) The coiling temperatures and annealing paths play significant roles in dominating HER 
values. The low coiling temperature results in refined microstructures, which provide more 
capacity of resisting micro-void growth and covalence, thus improving stretch-flangeability. The 
changes in CGL simulations from GI anneals to SC anneals lead to the replacement of a large 
amount of fresh martensite with tempered martensite, reducing the nanohardness difference 
between ferrite and hard constituent and meanwhile increasing HER results. 
(2) Elongations from a uniaxial tensile test cannot be proper indicators for hole expansion 
performance. However, reduction in area has a reasonable correlation with HER, since both of 
them are indices indicating local deformation measurements.  
(3) Numerous micro-voids and shearing dimples existing in the fracture zone act as the 
crack initiation sites and later severely influence HER values. Considering the deformed 
microstructures in the sheared edges in the wake of hole punching, voids nucleate associated with 
(i) the decohesion of interfaces between ferrite and hard constituents, (ii) martensite cracking, (iii) 
the presence of inclusions (i.e., MnS) and (iv) recrystallized ferrite/ferrite grain boundaries. With 
further plastic deformation (i.e., the step of hole expanding), the micro-cracks propagate, or micro-
voids grow by void enlargement from the sheared edges towards sheared affected zones (SAZ) in 
a zigzagging fracture path, indicating that the fracture associated with hole expansion is ductile 
fracture. 
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(4) The EBSD-KAM values, evaluated εeq data and nanohardness measurements of the 
tested positions in the initial hole punched sheared edges for the selected fully annealed DP steels 
with both GI and SC anneals reveal that a large amount of plastic deformation is introduced by 
hole punching, and the influences of punching decrease as the distance from the initial punched 
hole increases. The maximum equivalent strain is at the burnished and fracture transition zone. 
Both soft ferrite and major hard constituents (fresh martensite (for GI anneals) and tempered 
martensite (for SC anneals)) can be work hardened by the step of hole punching. The punching 
damages for GI annealed DP steels are higher than those for the fully annealed DP steels with SC 
anneals, which helps explain the reason why the HER values of the SC annealed sample are always 
higher than those of GI annealed samples with the same pre-anneal conditions. 
(5) The micro-fracture mechanism, in terms of hole expansion, was studied by performing 
incomplete HETs for the selected fully annealed DP samples with a variety of HER values. The 
SEM micrographs of the final hole internal surfaces indicate that the fracture of the ultra-high 
strength DP steels during HETs is still ductile fracture. The initial micro-voids and even micro-
cracks are caused by hole punching in the fracture zones. In the early stage of hole expanding, 
voids start to grow by void enlargement or cracks begin to propagate in coexistence with 
continuing void nucleation, as plastic strain increases. As the conical punch continues going up, 
small cracks continue propagating from the fracture zone towards the burnished and rollover zones. 
The process continues until the major crack crosses the thickness of the tested sample, at which 
point the test is by definition stopped and the HET is completed. Further conical movement beyond 
this point will lead to artificially high and erroneous HER values. 
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10.0 Future Work 
This study has investigated the influence of composition (i.e., Al and V contents) and 
processing (i.e., coiling temperatures and CGL simulations) on austenite formation and final 
mechanical properties of high-strength DP steels. The effects of coiling temperature and cold work 
on stored energy related to austenite formation during subsequent intercritical annealing were also 
discussed. The microstructure and damage evolutions in initial hole inner surface and sheared 
edges during hole punching and hole expansion were studied. For future directions, there are 
several suggestions: 
1. The microstructure-mechanical property relationships for DP steels obtained in Chapter 
8 revealed that the volume percentage of fresh martensite play a vital role in mechanical 
performances. Thus, in order to retard the transformation of lower bainite from intercritically 
formed austenite, 0.3 wt.% or more Mo could be added, for steel alloy design, recognizing 
increasing cost involved. Also, in order to minimize the formation of new ferrite during cooling 
for high Al microalloyed DP steels, faster cooling rates (i.e., −100ºC s−1) should be applied. 
Additionally, quenching temperatures are reported to be related to both global ductility (i.e., UE 
and TE) and local ductility (i.e., HER). Three quenching temperatures (i.e., 250ºC, 300ºC and 
350ºC) should be chosen as supercooling temperature in SC CGL simulations. 
2. Chapter 9 emphasized the punching-induced damages and pre-strains which severely 
influenced stretch-flangeability of candidate DP steels. Other hole formation methods should be 
applied. The HER values of the same steel conditions with different hole formation approaches 
should be compared and the initial hole inner surfaces and hole edges for four methods should be 
examined via SEM. In addition, 3 dimensional (3D)-digital image correlation (DIC) is a non-
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contact optical strain measurement and analysis technology. Compared with 2D-DIC, 3D-DIC has 
more capability of determining the out-of-plane strain. Thus, the punching-induced pre-strains, 
especially the one in the punching direction, will be better revealed by 3D-DIC technology. 
Furthermore, HER is reported to be associated with fracture toughness and Al-Jabr [201] found 
that Charpy V-north impact toughness of HSLA steels were controlled by the percentage of {002} 
lattice planes. So, the correlation between the HER results and the fraction of {002} lattice planes 
45 degrees to the punching direction should be studied for different steel grades. 
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